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ABSTRACT 

Worldwide, a great research effort is being employed in the development of 

Medium/high entropy alloys (M/HEAs). Among the M/HEAs produced to date, great 

emphasis is given to the equiatomic Co20Cr20Fe20Mn20Ni20 (at.%) alloy due to its 

good combination of strength and ductility. Studies in this field are increasingly 

being expanded to non-equiatomic compositions, and there is great opportunity in 

the development of M/HEAs with excellent mechanical properties. Therefore, based 

on thermodynamics calculations (CALPHAD method) novel non-equiatomic 

CoCrFeMnNi M/HEAs were designed aiming at obtaining optimized mechanical 

properties, tailoring deformation behaviors (TRIP-TWIP) via constituent 

concentrations. A total of 3 non-equiatomic M/HEAs (Co15Cr15Fe50Mn10Ni10, 

Co20Cr20Fe40Mn10Ni10, and Co25Cr25Fe30Mn10Ni10) were produced; the alloys were 

then annealed, thermomechanically processed, characterized, and mechanically 

tested by tensile tests. The annealed and deformed samples were characterized by 

a combination of electron backscattered diffraction (EBSD), high-energy 

synchrotron X-ray diffraction (HE-SXRD), and transmission electron microscopy 

(TEM). It was revealed that increased Co and Cr reduced stacking fault energy 

(SFE), increasing recrystallization rate and suppressing grain growth rate. Grain 

refinement was more effective in the Co25Cr25 alloy, where the optimal strength-

toughness occurred. Due to the decrease in SFE, a transition in the dominant 

deformation behavior occurred from TWIP (Co15Cr15) to TWIP/TRIP (Co20Cr20) 

and finally to TRIP (Co25Cr25), with the TRIP being more pronounced in 

Co25Cr25. This work sheds light on the development of novel FCC M/HEAs from 

the CoCrFeMnNi system, by identifying alloys that exhibit an optimal strength-

ductility balance. 

 

Keywords: Alloy design; Medium- and high-entropy alloys; Deformation 

mechanisms; Microstructure; Mechanical properties. 
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RESUMO 

PROJETO, PRODUÇÃO E CARACTERIZAÇÃO AVANÇADA DE LIGAS DE MÉDIA E 

ALTA ENTROPIA À BASE DE CoCrFeMnNi: ENTENDENDO A INTERAÇÃO COM 

COMPOSIÇÃO, MICROESTRUTURA E PROPRIEDADES MECÂNICAS 

 

Mundialmente, um grande esforço de pesquisa está sendo empregado no 

desenvolvimento de ligas de média e alta entropia (M/HEAs). Entre as M/HEAs 

produzidas até hoje, grande destaque é dado à liga equiatômica CoCrFeMnNi 

Co20Cr20Fe20Mn20Ni20 (at.%) por sua boa combinação de resistência e ductilidade. 

Estudos nessa área estão sendo cada vez mais expandidos para composições 

não-equiatomicas, e há uma grande oportunidade no desenvolvimento de M/HEAs 

com excelentes propriedades mecânicas. Portanto, projetamos com base em 

cálculos termodinâmicos (método CALPHAD) novas M/HEAs CoCrFeMnNi não-

equiatomicas visando obter propriedades mecânicas otimizadas, manipulando os 

comportamentos de deformação (TRIP-TWIP) através da modificação das 

concentrações dos constituintes. Um total de 3 não-equiatomicas M/HEAs 

(Co15Cr15Fe50Mn10Ni10, Co20Cr20Fe40Mn10Ni10 e Co25Cr25Fe30Mn10Ni10) foram 

produzidas, as ligas foram então recozidas, processadas termomecanicamente, 

caracterizadas e testadas mecanicamente por ensaios de tração. As amostras 

recozidas e deformadas foram caracterizadas por uma combinação de difração de 

elétrons retroespalhados (EBSD), difração de raios X com radiação sincrotron de 

alta energia (HE-SXRD) e microscopia eletrônica de transmissão (TEM). Foi 

revelado que o aumento de Co e Cr reduziu a energia de falha de empilhamento 

(SFE), aumentando a taxa de recristalização e suprimindo a taxa de crescimento 

de grão. O refino de grão foi mais eficaz na liga Co25Cr25, onde a resistência-

ductilidade ótima ocorreu. Devido à diminuição da SFE, ocorreu uma transição no 

comportamento de deformação dominante, de TWIP (Co15Cr15) para TWIP/TRIP 

(Co20Cr20) e, finalmente, para TRIP (Co25Cr25), sendo que o TRIP foi mais 

pronunciado em Co25Cr25. Este trabalho lança luz sobre o desenvolvimento de 

novas M/HEAs FCC do sistema CoCrFeMnNi, identificando ligas que exibem um 

equilíbrio ótimo entre resistência e ductilidade. 

 

Palavras-chave: Design de liga; Ligas de média e alta entropia; Mecanismo de 

deformação; Microestrutura; Propriedades mecânicas. 
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1 INTRODUCTION AND BACKGROUND 

 

Medium/high entropy alloys (M/HEAs), complex concentrated alloys 

(CCAs), and multi-principal element alloys (MPEAs) are classes of materials  

that have been given a considerable amount of attention in the literature 

recently due to their high mechanical strength combined with ductility, high 

fracture toughness, excellent oxidation and corrosion resistance [1–3]. These 

attractive characteristics therefore make M/HEAs viable candidates for several 

applications, such as biomedical, energy, mechanical, and aerospace 

industries. 

Unlike conventional alloys, which are normally composed of only one or 

two principal constituents, M/HEAs consist of a mixture of several main 

elements in an equal or near equal atomic ratio [3]. 

Initially, in order to maximize the configurational entropy and facilitate the 

formation of solid solutions, design of equiatomic M/HEAs were mainly 

considered [4,5]. However, the new trend is to develop non-equiatomic M/HEAs 

with single-phase, dual-phase or multi-phase solid solutions aiming optimized 

properties [6–8]. Thus, great focus has been given to the development of 

toughness and corrosion resistant alloys, an environment frequently found in 

several applications in the transportation and energy industries. 

Among the different classes of M/HEAs under study, the equiatomic 

CoCrFeMnNi alloy is one of the most notable to date, and has attracted the 

interest of many researchers since its first production by Cantor in 2004 [9]. In 

addition, some compositions derived from the Cantor’s alloy that can be 

highlighted is, for example, the equiatomic CrCoNi alloy, which is one of the 

toughest materials ever made [10]. 

Regarding the equiatomic CoCrFeMnNi alloy, although Cr (BCC – A2), 

Fe (BCC – A2), Ni (FCC – A1), Co (HCP – A3) and Mn (A12) have different 

crystal structures, their equimolar system surprisingly forms a single-phase 

structure (FCC). According to the growing number of research carried out in 

recent years, this alloy has good mechanical properties, combining excellent 

mechanical strength and ductility, making it a promising material [11,12]. 
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Elements such as Fe, Ni and Mn are the FCC phase stabilizers whereas 

Co and Cr are the HCP phase stabilizers [13,14]. It means that the addition of 

Fe, Ni and/or Mn will stabilize the FCC phase meanwhile increase the stacking 

fault energy (SFE), whereas the addition of Co and/or Cr will stabilize the HCP 

phase and lower the SFE of the developed Fe-rich M/HEAs, which are 

comprised of metastable FCC phase at room temperature. 

Therefore, having a clear design strategy of non-equiatomic M/HEAs is 

crucial to develop M/HEAs with optimized mechanical properties. In this regard, 

the recent development of M/HEAs with adjustable phase stabilities, triggering 

transformation-induced plasticity (TRIP) and/or twinning-induced plasticity 

(TWIP) effects [15] via modifying constituent concentrations has introduced an 

effective way to design high performance M/HEAs. Thus, it has both 

technological and scientific significance to develop M/HEAs with high 

performance. 

Development of new M/HEAs based on thermodynamics calculations 

associated with in-depth characterization creates new interest in understanding 

the deformation mechanism (TRIP/TWIP), as well as the combined effect of 

these mechanisms. In addition, the complex interplay of elemental 

redistribution, the associated thermodynamics, kinetics of the deformation 

mechanisms and the importance of these mechanisms for M/HEAs have thus 

served as motivation for the present study. 

 

1.1 Goals 

1.1.1 Main goal 

 

The main goal of this study is to systematically study the design, 

production and advanced characterization of CoCrFeMnNi-based medium- and 

high-entropy alloys with optimized mechanical properties. 
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1.1.2 Specific goals 

 

To achieve the proposed aim, the following specific goals were 

considered: 

➢ Perform computational thermodynamics-guided alloy design and phase 

stability in CoCrFeMnNi-based medium- and high-entropy alloys; 

➢ Investigate through an in-depth characterization the underlying 

deformation mechanism (TRIP/TWIP), and thereby reveal the 

interrelationship between microstructure and mechanical properties of 

the newly developed M/HEAs; 

➢ Establish a correlation between the obtained results to identify the best 

alloy that exhibit an optimal strength-ductility balance. 
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2 LITERATURE REVIEW 

2.1 Brief history about high entropy alloys 

 

The first results on high entropy alloys (HEAs) were published in 2004 [9] 

and since then, the field have significantly widened the idea of material design 

and provided new challenges to material scientists. Different from traditional 

alloys, such as steels or titanium alloys, which are normally composed of only 

one or two principal constituents, HEAs consist of at least five principal 

elements in an equal or near equal atomic ratio aiming at increasing the 

configurational entropy to form simple solid solutions, such as face-centered 

cubic (FCC), body-centered cubic (BCC) and hexagonal close-packed (HCP) 

microstructures [16]. 

In recent years, HEAs have very rapidly captured the attention of 

researchers, the world over due to their excellent properties, such as high 

fracture toughness at cryogenic temperatures [17], high strength at elevated 

temperatures [18] and excellent resistance to corrosion [19], indicating the 

promising potentials of the HEAs for harsh environmental applications. 

Of the many works and reviews surveyed for this perspective, M/HEAs 

and associated research are contributing to the new era in metallurgy [20], 

where computer assisted design is becoming increasingly more important. 

There are several ways to assess this, but one poignant statement by Gorsse et 

al. [21], is that research into M/HEAs demands an ‘efficient exploration of hyper-

dimensional design space’. The 67 stable metallic elements combine in 47,905 

equiatomic ternary alloys, 766,480 quaternary ones, and about 10 million 

quinary ones [21]. In addition, it is still possible to design non-equiatomic alloys 

[22]. It is speculated that, in a not-too-distant future, it will be possible to design 

an “on-demand” HEA, highly specialized for a given application [3,23,24]. 

Up to now, several works on HEAs have been published, including 

several review papers [2,3,20,23,25–27] and two books [28,29] covering almost 

every aspect of current research on HEAs [23]. However, it is reasonable to say 

that our understanding and research on HEAs is just the tip of the iceberg, and 

due to the vast nature of the field, new data and discoveries are disclosed 
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continuously. Due to their remarkable properties and promising research 

prospects, many new findings in HEAs are emerging. 

There are two main definitions of HEAs, by composition and entropy, 

which lead to some confusion and controversy that whether some alloys may be 

called HEAs [28]. Regarding the composition-based definition,  to be considered 

HEAs, the maximum atomic composition of each element must be less than 

35% atomic. This composition-based definition prescribes elemental 

concentrations only and places no bounds on the magnitude of entropy. In 

contrast, the other is based on the configurational entropy of a disordered 

phase, where HEAs have a configurational entropy (∆𝑆𝑐𝑜𝑛𝑓) in a random state 

larger than 1.5R (R is the gas constant), no matter they are single phase or 

multiphases at room temperature [23]. However, although each definition of 

HEAs contains a wide range of alloys, both definitions overlap for the most part. 

Therefore, the definitions of HEAs are simply approximate guidelines, not strict 

laws [3,28]. 

 

2.2 M/HEAs from the CoCrFeMnNi family 

 

Among the wide variety of HEAs, the equiatomic CoCrFeMnNi alloy, 

which is also referred to as Cantor's alloy [9], attracted extensive attention in the 

last decade [17,30,31]. Even though containing five components with different 

crystal structures, CoCrFeMnNi still possesses a single FCC solid solution 

structure [32]. 

Interestingly, this alloy exhibited outstanding damage tolerance and 

fracture toughness under cryogenic conditions, which is resulted from the 

nanotwins generated in the process of deformation [17,30]. This makes them 

highly desirable in the rapid-growing cryogenic applications such as liquid gas 

storage, fusion reactors, and medical devices [33]. However, its yield strength is 

unremarkable at ambient temperature, although its ductility is quite large [32]. 

In order to achieve superior strength-ductility combinations of M/HEAs, 

several research efforts have been devoted to either microstructure control [34] 

or compositional design [35]. For the microstructure control, many approaches 
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were proved effective in the improvement of mechanical properties. Such as 

introducing short-range order clusters [36], ultra-fine grains [31], uniformly 

distributed nanoprecipitates [37,38], high-density dislocations [39], high-density 

nano-twins and metastable phase [8,34], resulting in solid-solution 

strengthening, grain-refinement strengthening, precipitation strengthening, 

dislocation strengthening, twinning-induced plasticity (TWIP) and 

transformation-induced plasticity (TRIP) effects. However, the gain in ultra-high 

strength for M/HEAs through most conventional strengthening methods is 

generally accompanied by loss of ductility [40]. Thus, the trade-off between 

strength and ductility still widely exists based on the current strengthening 

methods. Therefore, desirable strengthening approaches are needed to 

improve the strength of CoCrFeMnNi without sacrificing its ductility. 

 

2.3 Alloy design and phase prediction 

 

Given the importance of predicting and understanding the 

microstructures of M/HEAs, various strategies have been developed over the 

past years to treat the thermodynamics of phase stability in complex alloys 

more fully, with varying degrees of success [27]. Therefore, predicting the 

phase constituents accurately in M/HEAs has been a great challenge not only 

from the fundamental point of view but also for various applications [29]. 

Numerous studies have attempted to relate phase stability to parameters 

such as size misfits, valence electron concentrations, electronegativities and 

mixing enthalpies [41,42]. However, many of these treatments ignore the 

formation enthalpies of competing compounds, typically intermetallic phases, 

which, limits their usefulness [27]. In addition, the overall accuracy of the 

existing physical models is still quite low, with the highest one around 72% and 

therefore, experimental methods are usually necessary to confirm these 

predictions [43]. 

The current computational methods for M/HEAs design include the 

calculation of phase diagrams (CALPHAD), the first principle calculation (e.g. 

the ab-initio calculation using density functional theory - DFT), molecular 
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dynamics (MD) and Monte Carlo (MC) [29]. Truly ab-initio calculations are 

computationally expensive, especially at finite temperatures [44,45]. Thus, they 

are probably best suited to screening narrow composition ranges that have 

already been identified as being of interest (based on other considerations) and 

when phase stabilities need to be predicted accurately [27]. 

Among these computational methods, CALPHAD-type approaches, 

which use software to calculate phase diagrams based on thermodynamic 

models, in general have broader applicability and have been shown to be useful 

in predicting phase stability in several cases [46,47]. 

This methodology is currently being expanded to alloy systems with a 

high number of components, targeting particularly the CoCrFeMnNi Cantor 

system [48]. The Redlich–Kistler functions in these cases also include higher-

order interaction parameters, according to the number of components 

considered. However, outside of the fitted ranges and for cases in which 

competing intermetallic phases, such as sigma phase appear, this approach 

currently has limited predictive power [27], as reported by Bertoli et al. [22] and 

Bloomfield et al. [49]. Therefore, CALPHAD methods can serve as a first, albeit 

important, extrapolation step into unchartered compositional territory, as, very 

often, unexpected intermetallic phases appear [27]. 

 

2.3.1 Sigma phase prediction methods/criteria 

 

The formation of sigma phase is a real concern when engineering FCC 

alloys are subjected to elevated temperatures (600-1000 °C) [50], and is often 

observed in this CoCrFeMnNi system [49–52]. Its precipitation is responsible for 

the embrittlement of the material and a consequent drastic reduction in 

toughness [53,54]. In addition, the sigma formation depletes the Cr content from 

the matrix, which lead to a loss of corrosion and oxidation resistance of the alloy 

[55,56]. Therefore, as the lifetime of components is directly affected by the 

degradation of these properties, predicting its formation is essential in alloy 

design. 
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Different methods/criteria are reported in the literature to predict the 

phase stability of a given alloy. The CALPHAD method uses thermodynamic 

models to calculate the phase stability in a system [57]. This method is well 

established in the literature and has proven to be an efficient tool in the study of 

large compositional fields [3,23,58]. However, the accuracy of CALPHAD 

predictions relies on the accuracy of the thermodynamic database used as input 

in the calculations. In addition, in the case of complex phases, such as sigma 

phase, this approach currently has limited predictive power, as previously 

mentioned. For this reason, Tsai et al. [59,60] formulated two complementary 

criteria to predict the formation of the sigma phase in Cr-containing M/HEAs. 

The 1st Tsai criterion [59] is based upon the valence electron 

concentration (VEC) of the alloy, which is a weighted average (by atomic 

fraction) from the VEC of the constituent components (Cr = 6, Mn = 7, Fe = 8, 

Co = 9, Ni = 10) [3,59,61]: 

𝑉𝐸𝐶 =  ∑ 𝑐𝑖(𝑉𝐸𝐶)𝑖
𝑛
𝑖=1      (2.1) 

where 𝑛 is the number of components in the alloy, 𝑐𝑖 and (𝑉𝐸𝐶)𝑖 are the 

atomic fraction and VEC of the 𝑖𝑡ℎ component, respectively. According to the 1st 

Tsai criterion, the sigma phase is not formed in alloys with VEC value outside 

the range between 6.88 and 7.84. However, some binary alloys, even with the 

“correct” VEC to sigma phase formation, simply do not have sigma in their 

phase diagram, like the FeMn with a VEC of 7.5 does not form sigma phase 

[62]. For this reason, Tsai et al. [60] proposed a 2nd criterion that introduces a 

new parameter called “paired sigma-forming element” (PSFE). 

The PSFE considers if the constituent elements are sigma-prone when in 

binary solution. Ideally, the binary sigma phase (A50B50) is formed by one A 

element (transition metals of groups VB-VIIB) and one B element (transition 

metals of groups VIIB-VIIIB) [22]. 

After defining the A and B elements of the system, the PSFE may be 

calculated according to Eq. (2.2) for an alloy consists of identifying the atomic 

concentration of A and B elements, then the PSFE will be double the lowest 

value obtained: 
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𝑃𝑆𝐹𝐸(𝑐𝐴, 𝑐𝐵) = {
2∑𝑐𝐴, 𝑖𝑓

∑𝑐𝐴

∑𝑐𝐵
≤ 1

2∑𝑐𝐵, 𝑜𝑡ℎ𝑒𝑟𝑤𝑖𝑠𝑒
    (2.2) 

where 𝑐𝐴 and 𝑐𝐵 are the vectors containing the atomic concentrations of 

the A and B elements, respectively. According to the 2nd Tsai criterion, the 

sigma phase does not form in alloys with PSFE < 20-25%, and forms in alloys 

with PSFE > 40-45%. Between these limits, the sigma phase may form or not. 

 

2.4 Strength and deformation behavior of M/HEAs 

2.4.1 Solid solution strengthening 

 

Solid solution (SS) strengthening is perhaps the mechanism that 

attracted the most initial attention from the MPEA community. Disordered SS 

phases have a single crystal lattice and do not possess long rang ordering 

(LRO), however they may or may not display short-range ordering (SRO) [3]. 

Solid solution strengthening of M/HEAs can be attributed to the effect of 

lattice distortion caused by interstitial/substitutional atoms and SRO clusters, 

which usually impedes the dislocation movement [15,63]. However, according 

to Coury and co-workers [2], this does not mean that systems simply increasing 

the number of components will always increase the strength, since each system 

needs to be evaluated individually as the type and concentration of elements in 

SS are key to evaluate the degree of lattice distortion. 

In summary, similar to traditional alloys, the efficiency of SS 

strengthening strongly depends on the nature of the solute atoms in M/HEAs 

(e.g., atomic radius, elastic properties, etc.) [2]. 

 

2.4.2 Short-range ordering 

 

Apart from the interstitial or substitutional solute atoms, the formation of 

chemical short-range ordering (CSRO) or short-range ordering (SRO) for short, 

in HEAs has also attracted much of literature’s attention recently. Some authors 

claim it can also induce a more severe lattice distortion and thus high SS 

strengthening [2]. 
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SRO consists of specific preference/avoidance of some of the constituent 

species in the alloy away from the atomic fractions expected for random mixing, 

but the chemical order is so short-ranged that it prevails only in the first and the 

next couple of nearest-neighbor atomic shells around the atom at the center 

[3,64]. From a fundamental standpoint, the total energy of an atomic 

arrangement at 0 K is defined by the exact atomic position of each atom, so the 

smallest energetic difference between two different atomic pairings would be a 

driving force to SRO or even more often, to LRO into another crystal structure. 

On the other hand, at higher temperatures, often SRO can be disrupted and/or 

diminished by thermal energy [2]. 

Coury et al. [2] claim that the biggest point in discussion for M/HEAs is 

not if there is any driving force for SRO, but rather, if a significant content of 

SRO can be induced under feasible processing conditions and whether it will 

significantly affect mechanical properties. 

The presence and effect of SRO has been confirmed by both the 

computational as well as experimental methods [65–67]. Nonetheless, 

experimental characterization of SRO in M/HEAs has been a challenging task 

because of the need to acquire detailed information on the atomic scale 

[65,68,69]. It is worth highlighting those indirect methods are also being used, 

which basically consist of detecting SRO effects on the mechanical properties 

such as stacking fault energy changes as well as variations on yield strength, 

hardness and strain hardening rate [2]. 

In summary, further research is necessary to understand the SRO 

formation and its effect on the properties of HEAs. The effective contribution of 

SRO to strength and operating deformation mechanisms is still open. More 

details about the SRO on M/HEAs may be found in reviews [2,66]. 

 

2.4.3 Grain-boundary strengthening 

 

It is well known that grain refinement is probably one of the most 

desirable strengthening mechanisms since it is not only able to significantly 
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increase the mechanical properties with a combination of high strength and 

good ductility [8]. 

Numerous researches have shown that the grain size significantly affects 

the mechanical performance of M/HEAs and may be controlled by rolling and 

recrystallization [70–73]. 

Huang et al. [74] studied the recrystallization behavior, grain growth 

kinetics, and corresponding hardness variation of FeCoNiCrPd, FeCoNiCrMn, 

and their quaternary/ternary FCC-structured alloys annealed under different 

conditions. Experimental results indicated that the grain size and hardness of 

these M/HEAs followed the Hall–Petch (H-P) equation, with the H-P coefficient 

value being mainly dominated by the alloy’s SFE and shear modulus. 

Sun et al. [75] evaluated the temperature dependence of the H–P 

relationship in CoCrFeMnNi M/HEAs. Superior strength and ductility for the 

M/HEAs were achieved by refining grain size and decreasing temperature. 

Recently, test conducted by Ondicho et al. [76] showed the effect of Fe 

on the H-P relationship of (CoCrMnNi)100-x Fex M/HEAs. Solid solution and grain 

boundary strengthening were significantly reduced at higher Fe content. In 

addition, the H-P coefficient decreases as the Fe content increases. 

Although some studies have been conducted, the factors that affect the 

grain growth behavior of M/HEAs, as well as the determination of critical grain 

size that enables the optimal strength-ductility synergy to have not been fully 

clarified, although they are crucial for designing alloys for future engineering 

applications. 

 

2.4.4 Deformation mechanisms 

 

A considerable research interest in CoCrFeMnNi alloys lies in the 

operating deformation mechanisms on these alloys. As most FCC metals, these 

alloys display dislocation glide as the main deformation mode but depending on 

the composition and temperature, deformation twinning and phase 

transformation, FCC phase to HCP ε-martensite phase under deformation can 

also occur since alloys from this system can have low stacking fault energy 
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(SFE) values [77,78]. These are reported to generate plasticity increments due 

to a more pronounced work hardening rate, which leads to higher uniform 

elongation because of the Considère criterion [79]. These effects are typically 

called twinning induced plasticity (TWIP) and transformation induced plasticity 

(TRIP) and are being studied by multiple authors [2]. 

According to semi-empirical correlations [80], small to intermediate SFE 

favors twinning, whereas large SFE leads to narrowly dissociated or 

undissociated dislocations and thus dislocation glide is favored. Very small or 

negative SFE is known to be responsible for the TRIP effect [81]. Compiling 

data from steels, in general, the TRIP effect occurs when the SFE value is less 

than 20 mJ/m2 and the TWIP effect when the SFE value is between 20 mJ/m2 

and 40 mJ/m2. Steels with the SFE values between 15 mJ/m2 and 25 mJ/m2 

undergo both TRIP and TWIP [79]. 

The sequence of HCP formation within the FCC matrix is depicted in 

Figure 2.1. The mechanisms of formation and evolution of ε-martensite (TRIP) 

and twins (TWIP) are in fact similar [2,82]. ε-martensite forms by the 

arrangement of intrinsic stacking faults on every second {111} plane, whereas 

twins form by overlapping three stacking faults on successive planes [83]; 

stacking faults typically form by the dissociation of 
1

2
〈110〉{111} dislocations into 

1

6
〈112〉{111} Shockley partials. If a partial dislocation shears the lattice every 

plane a twin will form, if the process occurs every other plane an HCP lamella 

will be generated. Locally, the twin will have a stacking sequence of the “… ABA 

…” type, therefore, the same stacking sequence of the HCP phase [79]. The 

entire energetic pathway for this shearing process is of great interest and it is 

frequently studied by means of the generalized stacking fault energy (GSFE) 

curve of these alloys [13,84]. 
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Figure 2.1 - Schematics of the HCP structure formation via shear deformation of the 

FCC matrix [81,85]. 

 

Generally, the SFE can be effectively tailored by adjusting the chemical 

composition of the alloy. Elements such as Fe, Ni and Mn are the FCC phase 

stabilizers whereas Co and Cr are the HCP phase stabilizers [13,14]. It means 

that the addition of Fe, Ni and/or Mn will stabilize the FCC phase meanwhile 

increase the stacking fault energy (SFE), whereas the addition of Co and/or Cr 

will stabilize the HCP phase and lower the SFE of the CoCrFeMnNi alloys, 

which are comprised of metastable FCC phase at room temperature. 

Tests conducted by Wei et al. [13] confirmed through ab initio and 

thermodynamics calculations that decreasing the concentrations of Mn, Ni and 

Fe or increasing the concentrations of Co and Cr does lower the SFE and FCC 

phase stability of the M/HEAs. Small amounts of Al to FeCoNiCr, reduces the 

SFE significantly and induces deformation twinning [86]. Also, Wang et al. 

reported that addition of carbon into the Fe40.4Ni11.3Mn34.8Al7.5Cr6 alloy reduced 

the SFE and significantly improved the mechanical properties [87]. In this 

regard, careful tailoring the chemical composition and controlling phase stability 

are important keys for further improvement of the mechanical performance. 

It is also known that temperature is another factor that affects SFE. 

Chandan et al. [88] evaluated experimentally the variation in stacking fault 

energy for Fe40Mn40Co10Cr10 alloy with the change in temperature. The authors 
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reported that, owing to the decrease in SFE, a transition in the deformation 

behavior occurred from limited twin formation and slip dominance at room 

temperature to mixed-mode consisting of FCC→HCP transformation and 

twinning at -100 °C. 

Otto et al. [30] performed a study of the mechanical properties of the 

CoCrFeMnNi HEA with special focus on the influence of temperature and 

microstructure. The alloy was tested at of 77, 293, 473, 673, 873 and 1073 K. It 

was proved that, the work hardening capability of the CoCrFeMnNi alloy 

decreases with increasing temperature. However, studies on the influences of 

temperature on deformation behavior and stacking fault energy of CoCrFeMnNi 

system has rarely been studied systematically so far, which is important not 

only for better understanding the resultant deformation mechanism, but also for 

properly designing M/HEAs with enhanced performance. 
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3 MATERIALS AND METHODS 

3.1 Alloy design and phase prediction 

 

The first stage of this work consisted of designing three non-equiatomic 

M/HEAs based on the CALPHAD method. The M/HEAs in the Co((80-X)/2)Cr((80-

X)/2)FeXMn10Ni10 system, with x = 30, 40 and 50, at.%, were designed and 

resulted in the following nominal compositions: Co15Cr15Fe50Mn10Ni10, 

Co20Cr20Fe40Mn10Ni10, and Co25Cr25Fe30Mn10Ni10 (at.%), hereinafter denoted by 

Co15Cr15, Co20Cr20 and Co25Cr25, respectively. Thermodynamic 

calculations were performed to estimate the equilibrium phases at different 

temperatures. These calculations were performed using two recent 

thermodynamic databases for HEAs, TCHEA5 (Thermo-Calc® software (version 

2021b)) and PanHEA2022 (Pandat® software (version 2022)). 

For the CoCrFeMnNi system, the TCHEA5 database describes 10/10 

binary (fraction of assessed binaries 𝑓𝐴𝐵 = 1) and 5/10 ternary systems (fraction 

of assessed ternaries 𝑓𝐴𝑇 = 0.5) in the full range of compositions and 

temperatures. In contrast, the PanHEA2022 database fully describes 10/10 

binaries (𝑓𝐴𝐵 = 1) and 8/10 ternaries (𝑓𝐴𝑇 = 0.8). Specifically, Miracle and 

Senkov [3] suggested that for a database to be suitable, it is important that 𝑓𝐴𝐵 = 

1 and that one has the highest possible value of 𝑓𝐴𝑇. Therefore, this 

comparative analysis will be performed here. 

In this thesis, a systematic study was carried out with the newly designed 

Fe-rich M/HEAs. Two phase prediction methods, CALPHAD and also by the 

combination of two methods proposed by Tsai et al. [59,60], were applied for 

predicting the sigma phase. Both methods were applied to wide ranges of 

compositions. For the Tsai criteria predictions, a Python code was developed, it 

calculates the VEC and PSFE for each composition with increments of 0.5 at.%. 

The isothermal aging treatments at 900 ºC, 1000 °C and 1100 °C were 

selected due to the fact that CALPHAD and Tsai criteria predictions for sigma 

phase formation diverged in some cases. Tsai et al. [59] discuss that applying 

and optimizing the criteria for a wider range of alloys and other temperatures is 

essential to improving knowledge about sigma phase formation in M/HEAs. As 
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in the case of this work, where the criteria were applied at three different 

temperatures, which are different from the 700 ºC originally considered in the 

criteria. Regarding the aging time, due to its slow formation kinetics, was 

chosen 20 h, since is more than sufficient time for sigma phase to form. 

Both Tsai criteria (based upon VEC and PSFE) predict that the alloys will 

be: i) sigma-free if the VEC is outside the range of 6.88 and 7.84 OR the PSFE 

is lower than 20-25%; ii) sigma-prone if the VEC is within the range of 6.88 and 

7.84 AND the PSFE is higher than 40-45%; iii) uncertain about the sigma phase 

formation if none of the previous two items are met. Note that, to further reduce 

the field of uncertainty, were established as lower and upper PSFE limits as 

25% and 40%, respectively. 

For the CoCrFeMnNi system, the A elements is only Cr, whereas the B 

elements could be Mn, Fe, Co and Ni. In order to obtain greater accuracy in the 

predictions, all binary phase diagrams [62] of this system were consulted to 

identify those that exhibit the sigma phase at three different temperatures, 900 

ºC, 1000 °C and 1100 °C, temperatures at which the heat treatments were 

carried out in this work. 

Based on Table 3.1, the A/B elements (or neither) should be divided as 

best as possible for each system/subsystem. In the CoCrFeMnNi system, Cr 

serves as an A element and initially would have Mn, Fe, Co and Ni as possible 

B elements to form sigma. However, consulting the Cr-Mn, Cr-Fe, Cr-Co and 

Cr-Ni binary phase diagrams [62], only the Cr-Mn, Cr-Fe and Cr-Co alloys form 

the sigma phase at 900 ºC, 1000 °C and 1100 °C (see Table 3.1). Thus, only 

Mn, Fe and Co serve as B elements when paired with Cr. That way, Ni is not a 

B element. Therefore, in the CoCrFeMnNi system at 1100, 1000 and 900 °C: Cr 

is A element; Mn, Fe and Co are B elements; and Ni is neither A nor B element. 
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Table 3.1 – Sigma-free and sigma-prone binary systems of the CoCrFeMnNi at 900 °C, 
1000 °C and 1100 ºC. Binary phase diagram data collected from ASM Handbook [62]. 

  
B elements 

(VIIB-VIIIB groups) 

   Mn Fe Co Ni 

A
 e

le
m

e
n

ts
 

(V
IB

-V
II
B

 g
ro

u
p

s
) 

Cr Sigma-prone 
Sigma-free 
(T > 830 ºC) 

Sigma-prone Sigma-free 

Mn ---------- Sigma-free 
Sigma-free 

(T > 550 ºC) 
Sigma-free 

 

Both prediction methods (CALPHAD and Tsai criteria) were compared 

which the experimental characterization by a combination of X-ray diffraction 

(XRD) and electron backscattering diffraction (EBSD), where the sigma phase 

can be readily detected by the appearance of extra diffraction peaks on the 

aged samples or by metallographic analysis. Therefore, the accuracy of the 

predictions by these different approaches was critically assessed. The 

discussion presented here is important to guide further studies, especially in the 

CoCrFeMnNi system. 

 

3.2 Alloy production and thermomechanical processing 

 

The ingots were produced by vacuum induction melting. All raw materials 

used for casting the alloys were commercially available pure elements, not 

specifically high purity, and inevitably produce nonmetallic inclusions (NMIs) 

during casting. Prior to melting, the Mn was cleaned in an aqueous solution of 

5% HCl in distilled water and then in 1% HNO3 in acetone. Afterward, it was 

cleaned in ultrasonic baths of alcohol for 10 min and dried with compressed air. 

This cleaning procedure was performed immediately before adding the Mn to 

the other materials in the vacuum induction furnace. Additionally, an excess of 

approximately 10% of the original Mn mass was added to compensate for Mn 

loss due to its relatively high vapor pressure at high temperatures, which can 

lead to some weight loss as a result of volatilization during melting [89]. In 

addition, ≈ 0.5 at.% Al was added as a deoxidizer to avoid large angular oxide 
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inclusions; the remaining metallic Al fraction should remain in solid solution with 

negligible impact on the solid solution strengthening component and yield 

strength [73,90]. 

Fig. 3.1 shows a schematic representation of the thermomechanical 

processing route followed for the alloy design and phase stability study. After 

production, the as-cast ingots were subsequently homogenized at 1200 °C for 2 

h followed by water quenching. The homogenized alloys were hot rolled at 1100 

°C with a total rolling reduction ratio of ≈ 87.5% followed by water quenching. 

After hot rolling, the alloys were cold-rolled with a total reduction ratio of ≈ 50%. 

Samples with dimensions 10 x 10 x 1 mm3 were prepared by wire electrical 

discharge machining (EDM) from the alloy sheets. The first group of samples 

were then annealed at 900 °C for 0.25 h followed by water quenching to obtain 

fully recrystallized microstructures, whereas the second group of samples were 

aged at 900 °C, 1000 °C, and 1100 °C for 20 h followed by water-quenching to 

allow the formation of the sigma phase. 

 

 

Figure 3.1 - Schematic representation of the thermomechanical processing route 

followed to obtain two different final microstructures: I - recrystallized (samples 

annealed at 900 °C for 0.25 h, and II - thermally aged (samples subjected to thermal 

aging at 900 °C, 1000 °C, and 1100 °C for 20 h to allow the formation of the sigma 

phase). It should be noted that, although the first group of samples was recrystallized 

at 900 °C for 0.25 h (temperature at which sigma phase formation is predicted), due to 

its slow/moderate formation kinetics, sigma formation may be entirely suppressed. 

Therefore, the formation of the sigma phase is not expected in this recrystallized 

condition. 
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Fig. 3.2 shows a schematic representation of the thermomechanical 

processing route followed for the recrystallization, grain growth and Hall-Petch 

relationship study. The cast ingots were homogenized at 1200 °C for 2 h, 

followed by water-quenching. They were then hot-rolled at 1100 °C to a 

thickness reduction of 87.5%, followed by water-quenching. To refine the grain 

size, the samples were cold-rolled to a thickness reduction of 50%. 

Subsequently, to achieve materials with different grain sizes and fully 

recrystallized, the cold-rolled plates were annealed at varying temperatures and 

times (900, 1000, and 1100°C for 0.25, 0.5, 1, and 2 h) followed by water-

quenching. 

 

 

Figure 3.2 - Schematic representation of the thermomechanical processing route 

followed to obtain 12 different recrystallized microstructures with different grain sizes. 

 

3.3 Chemical, microstructural, and structural characterization 

 

Chemical analysis of the major alloying elements (Co, Cr, Fe, Mn, Ni and 

Al) was carried out using inductively coupled plasma-optical emission 

spectrometry (ICP-OES, Thermo 6000). In addition, the interstitial elements (C, 

S, O, N, and H) were also determined - C and S by direct combustion in a 

Leco® CS-844 analyzer, O and H by infrared absorption radiation, and N by 

thermal conductivity in a Leco® ONH-836 analyzer. 

The microstructures of the M/HEAs were investigated using a TESCAN 

S8252G scanning electron microscope (SEM) equipped with  energy dispersive 
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spectroscopy (EDS) and  backscattered electron (BSE) detectors. A FEI Helios 

Nanolab 600i was used for electron backscatter diffraction (EBSD) analysis. 

The samples were mechanically polished and finished using a 1 µm diamond 

suspension. In addition, residual stresses, caused by the earlier stages of 

mechanical polishing, were relieved by a final vibratory polishing step using an 

aqueous suspension of colloidal silica (0.05 µm) for 24 h. Structural and 

chemical analyses of the microstructures were investigated with SEM-BSE/EDS 

at an acceleration voltage of 15 kV, a probe current of 1.4 nA, and a working 

distance of 10 mm. For the EBSD measurements, different step sizes ranging at 

an acceleration voltage of 20 kV and probe current of 11 nA were used to 

characterize the microstructures of the samples with different grain sizes. The 

raw EBSD data were post-processed using the analysis tools for electron and 

X-ray diffraction, ATEX-software [91], and eventually the inverse pole figure 

(IPF), pole figure (PF), phase mapping, and grain size were obtained. Only 

high-angle grain boundaries (HAGBs) with misorientations (θ) ≥ 15°, excluding 

twin boundaries (TBs), were considered, when measuring the mean grain sizes 

(𝑑). For this purpose, a minimum of 200 grains was considered. 

Transmission electron microscopy (TEM) was performed using an FEI 

Tecnai T12 microscope operating at 120 kV. TEM foils were prepared using an 

FEI Helios 600 Focused Ion Beam (FIB) system. A final thinning step using 2 kV 

accelerating voltage was used to minimize the beam damage to the sample. 

High-energy synchrotron X-ray diffraction (HE-SXRD) was also used to 

identify the phase structure evolution. The synchrotron experiments were 

performed at the P07B High Energy Materials Science beamline of PETRA 

III/DESY [92]. A high-photon beam energy of 87.1 KeV, corresponding to a 

wavelength of 0.14235 Å, was used and the beam size was 200 µm x 200 µm. 

This photon energy allowed performing diffraction experiments in transmission 

mode, enabling the determination of bulk microstructure information. LaB6 

powder was used as a standard for the calibration of the instrument parameters, 

and to determine the sample-to-detector distance (1322.5 mm). A two-

dimensional PerkinElmer fast detector with pixel size of 200 x 200 µm2 was 

used to collect the Debbye-Scherrer rings. After the collection of the 2D images, 
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post-processing of the raw diffraction data was performed using a combination 

of tools (pyFAI-calib2 and pyFAI-integrate [93]) based on Python. Phase 

fractions were calculated by a direct-comparison XRD method using integrated 

peak intensities. 

At the P07B beamline, caution was exercised while indexing the XRD 

patterns, due to the presence of higher harmonics, such as the 2nd harmonic of 

the intended energy of 87.1 keV, which can pass through the crystal 

monochromator, affecting measurements and data analysis. This issue has 

been previously acknowledged in studies conducted at the same beamline [94–

97]. Nonetheless, the exact position of such harmonics can easily be 

determined so as not to compromise the quality of the overall results. 

The peak broadening of the diffraction peak profile enables us to 

determine the dislocation density [98]. Here, we adopted the well-established 

modified Williamson–Hall (WH) [99,100]. For this analysis, we used the full 

azimuthal angle (φ range from 0 to 360°) integration obtained via GSAS II 

software [101]. The first step was to obtain the position at 2θ and the full width 

at half maximum (FWHM) of at least three peaks from the same phase. Next, it 

was necessary to subtract the instrumental broadening (FWHM instrumental) from 

the broadening measured (FWHMmeasured), according to Eq. (3.1), to obtain the 

broadening of the material/sample (FWHMsample). A LaB6 powder standard was 

used to obtain instrumental peak broadening, as mentioned previously. As the 

broadening depends on the diffraction angle, the FWHM was measured for ten 

peaks of the LaB6 pattern, and using a linear fitting the instrumental broadening 

was obtained as a function of the position at 2θ of the peaks. 

𝐹𝑊𝐻𝑀𝑠𝑎𝑚𝑝𝑙𝑒
2 =  𝐹𝑊𝐻𝑀𝑚𝑒𝑎𝑠𝑢𝑟𝑒𝑑

2 −  𝐹𝑊𝐻𝑀𝑖𝑛𝑠𝑡𝑟𝑢𝑚𝑒𝑛𝑡𝑎𝑙
2     (3.1) 

The modified WH method is described by the Eqs. (3.2-3.5), where: 𝜃 is 

the diffraction angle (input); 𝐹𝑊𝐻𝑀𝑠𝑎𝑚𝑝𝑙𝑒 is the peak full width of half maximum 

of the sample (input); 𝜆 is the radiation wavelength (1.4235 nm); 𝑑 is the 

crystallite size (output); 𝑀 is a dimensionless parameter depending on the 

effective outer cut-off radius of dislocations, initially taken as 2.0 [102]; 𝑏 is the 

average Burgers vector (0.254 nm); 𝜌𝑖 is the initial dislocation density, (output, 

m-2); 𝐶̅ is the average contrast factor of dislocations; 𝐶ℎ̅00 and 𝑞 can be 
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calculated for an FCC crystal using the methodology shown in [103]. Here, a 

uniform distribution of screw and edge dislocations was assumed. 𝐻2 is a 

dependent factor calculated from the (ℎ𝑘𝑙) Miller indices for each peak. 

2cos (𝜃)𝐹𝑊𝐻𝑀𝑠𝑎𝑚𝑝𝑙𝑒

𝜆
=  

0.9

𝑑
+ (

𝜋𝑀2𝑏2

2
)

1/2

𝜌1/2 (
2𝑠𝑖𝑛 (𝜃)

𝜆
𝐶1̅/2)   (3.2) 

𝐶̅ =  𝐶ℎ̅00(1 − 𝑞𝐻2)      (3.3) 

𝐻2 =  
ℎ2𝑘2+ 𝑘2𝑙2+ 𝑙2ℎ2

(ℎ2+ 𝑘2+ 𝑙2)2      (3.4) 

𝜌𝑖 =  
2𝐴𝐶²

𝜋𝑀2𝑏2      (3.5) 

 

3.4 Grain growth kinetics analysis and mechanical properties 

 

A scanning electron microscope (SEM, FEI Helios Nanolab 600i) 

equipped with an energy dispersive spectroscopy (EDS) and electron back-

scattering diffraction (EBSD) detectors was used to observe the microstructures 

and phase compositions of the alloys. During the EBSD measurement, different 

step sizes ranging from 0.3 µm to 2 µm at an acceleration voltage of 20 kV and 

probe current of 11 nA were used to characterize the samples with different 

grain sizes. The raw EBSD data were post-processed using the analysis tools 

for electron and X-ray diffraction, ATEX-software [91]. Only high-angle grain 

boundaries (HAGBs) with misorientation (θ) ≥ 15°, excluding twin boundaries 

(TBs), were considered to measure the mean grain sizes (𝑑). 

Subsize tensile samples with a gauge dimension of 25 x 6 x 1 mm3, 

following the ASTM E8/E8M-16 standard [104], were cut from cold-rolled sheets 

using electrical discharge machining with their longitudinal axes parallel to the 

rolling direction. Quasi-static uniaxial tensile tests were performed at room 

temperature on an INSTRON 5500R testing machine with a nominal strain rate 

of 1 x 10−3 s-1. The strain of the gage section was precisely measured using an 

INSTRON advanced video extensometer. Three samples for each alloy were 

tested to ensure data reproducibility in this work. 
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4 RESULTS AND DISCUSSION 

4.1 Phase prediction using CALPHAD method 

 

Phase predictions under equilibrium at temperatures from above the 

liquidus temperature down to 600 °C are plotted in Fig. 4.1 (a-f) using TCHEA5 

database (Fig. 4.1 (a-c)) and PanHEA2022 database (Fig. 4.1 (d-f). As shown in 

Fig. 4.1 (a-f), for both databases, the three alloys are predicted to be single-

phase FCC at 1200 °C. Thus, this temperature was chosen for the 

homogenization heat treatment, as previously mentioned. Sigma phase is 

predicted to form from the FCC phase after solidification is complete, but not 

until temperatures below 1180 °C (Fig. 4.1 (c)) and 912 °C (Fig. 4.1 (d)) were 

attained, depending on the alloy and database, with increasing volume fractions 

at lower temperatures (600-900 °C). Fig. 4.1 (a-f) also shows that when 

selecting the temperature range between 900 °C and 1100 °C, the phases 

predictions using TCHEA5 database (Fig. 4.1 (a-c)) and PanHEA2022 database 

(Fig. 4.1 (a-c)) completely diverged. Therefore, to assess the accuracy of the 

CALPHAD method by using two different databases for predicting the formation 

of the sigma phase, temperatures of 900 °C, 1000 °C, and 1100 °C were 

selected for thermal aging treatments. 
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Figure 4.1 - Equilibrium volume fraction of phases calculated by the CALPHAD method 

at different temperatures for (a, d) Co15Cr15, (b, e) Co20Cr20 and (c, f) Co25Cr25 alloy. 

Thermo-Calc® software using TCHEA5 database, and Pandat® software using 

PanHEA2022 database were used to calculate Fig. 2 (a-c) and Fig. 2 (d-f), 

respectively. The highlighted regions in golden in the diagrams represent the 

temperatures chosen (900 °C, 1000 °C, and 1100 °C) to predict sigma phase 

formation. It should be noted that these thermodynamic calculations were performed 

under equilibrium conditions. 
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Fig. 4.2 (a-p) shows the CALPHAD phase equilibria predictions for Fe-

Cr50Co50-Ni50Mn50 pseudo-ternary phase diagrams at 1200, 1100, 1000, and 

900 °C. As can be seen, decreasing the temperature from 1200 to 1100, 1000 , 

and 900 °C, the FCC phase field shrinks significantly and favors the formation 

of the sigma phase, especially for the Cr and Co-rich alloys. However, when 

comparing the CALPHAD predictions using the TCHEA5 (Fig. 4.2 (a-h)) and 

PanHEA2022 (Fig. 4.2 (i-p)) databases results have revealed a completely 

different behavior. On the one hand, the calculations using the TCHEA5 

database predicted the formation of sigma phase for the Co20Cr20 and 

Co25Cr25 alloys at 1100 °C and for the three alloys (Co15Cr15, Co20Cr20, and 

Co25Cr25) at 1000 and 900 °C. On the other hand, the sigma phase formation 

was only predicted for the Co25Cr25 alloy at 900 °C when the PanHEA2022 

database was used, highlighting the importance of database selection. 

To date, several works have shown that comparisons between 

CALPHAD predictions using the TCHEA1 and TCHEA3 databases and 

experimental results have revealed an underestimation in the temperature 

range, where the sigma phase remains stable, thereby representing a question 

of the fidelity of the prediction [49,52,105,106]. To ensure the viability of the 

CALPHAD method and accuracy of the database used, it is critical to compare 

predictions to the experimental data. 

Otto et al. [107] investigated the phase stability of the equiatomic 

CoCrFeMnNi alloy widely accepted as a single-phase FCC solid solution. They 

performed long thermal aging treatment at 900 °C, 700 °C, and 500 °C for 500 

days, and found the FCC phase remains stable at 900 °C, however sigma 

phase forms at 700 °C and three different phases form at 500 °C. Since then, 

many publications have reported sigma formation in a series of non-equiatomic 

M/HEAs in the CoCrFeMnNi system. To improve our understanding of phase 

stability in the CoCrFeMnNi system, it is necessary to determine the effect of 

each constituent element on phase equilibria. 

Previous investigators have studied the effects of alloying elements on 

the phase stability in the CoCrFeMnNi system, and it is well established that the 

sigma phase is strongly stabilized by both Cr and Mn, with Cr playing a much 
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more significant role than Mn, or the combination of Cr with Mn 

[50,51,106,108,109]. In contrast, Ni, Co, and Fe are strong FCC stabilizers, 

suppressing the formation of the sigma phase [49,52,109–111]. To date, 

similarly detailed studies have not been conducted, when simultaneously 

varying Co and Cr in equivalent ratios, at the expense of Fe, while keeping Ni 

and Mn constant, and as a result, the synergistic effects of these elements 

remain unclear. 

Independent of database used, the CALPHAD calculations presented in 

Fig. 4.2 indicate a pronounced Cr-driven stabilization of the sigma phase, 

outweighing the influence of Co on FCC phase stability. A concurrent increase 

in Co and Cr concentrations in equivalent ratios yields a higher volumetric 

fraction of the predicted sigma phase, rendering it progressively 

thermodynamically favored, irrespective of temperature. 
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Figure 4.2 - Pseudo-ternary phase diagram (in at.%) for the Fe-Cr50Co50-Ni50Mn50 

system. All single-phase fields are identified. Panels (a, c, e, g) show the 1200 °C, 

1100 °C, 1000 °C, and 900 °C isotherms, respectively, and Panels (b, d, f, h) display 

the calculated volume fraction of sigma phase (%) over the (FCC + σ) region predicted 

by Thermo-Calc® software using TCHEA5 database. Panels (i, k, m, o) show the 1200 

°C, 1100 °C, 1000 °C, and 900 °C isotherms, respectively, and Panels (j, l, n, p) display 

the calculated volume fraction of sigma phase (%) over the (FCC + σ) region predicted 

by Pandat® software using PanHEA2022 database. The dark gray points in panels ((b, 

d, f, h), (j, l, n, p)) depict predicted sigma phase fractions by the CALPHAD method. A 

Python code was developed for calculating additional data points within the range of 

known data points using bilinear interpolation. The colored stars in panels (a-p) 

represent the three alloys produced in this study. These thermodynamic calculations 

were performed under equilibrium conditions. 
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4.2 Sigma phase prediction using the Tsai criteria (VEC/PSFE) 

 

Tsai criteria predictions using two empirical methods, VEC and PSFE, 

are shown in Fig. 4.3 To further explore the dimension of the compositional 

fields, the predictions were expanded to a wide range of compositions, in which 

pseudo-ternary diagrams for the Fe-Cr50Co50-Ni50Mn50 system are presented in 

Fig. 4.3 (a, b) for the VEC and PSFE predictions, respectively. Furthermore, to 

make the Tsai criteria clearer and more intuitive, a graphical representation was 

generated, as shown in Fig. 4.3 (c). Through the correlation between PSFE and 

VEC, three distinct zones can be observed: sigma-free, sigma-prone, and 

uncertain, as shown in Fig. 4.3 (c). To further reduce the field of uncertainty, 

lower and upper PSFE limits of 25% and 40% were established, respectively. 

Therefore, if the PSFE value is between 25% and 40%, it is unclear whether the 

sigma phase will form or not. 

Despite observing the same trend in the increase in driving force for 

sigma phase formation (concurrent increase in Co and Cr concentrations in 

equivalent ratios) when compared to the thermodynamic calculations predicted 

by the CALPHAD method, the Tsai criteria predictions (Fig. 4.3) diverged from 

the CALPHAD predictions using the TCHEA5 database (Fig. 4.2 (a-h)), since 

the Tsai criteria did not predict sigma phase formation for the alloys studied. 

However, special attention should be paid to the Co20Cr20 and Co25Cr25 

alloys, since these alloys present the VEC and PSFE close to the boundary for 

sigma phase formation, i.e., VEC = 7.90; PSFE = 40% for the Co20Cr20 alloy 

and VEC = 7.85; PSFE = 50% for the Co25Cr25 alloy. 

Laplanche et al. [50] studied the kinetics of sigma phase precipitation in 

an initially single-phase FCC non-equiatomic Cr26Mn20Fe20Co20Ni14 HEA. 

Thermal aging was performed between 600 °C and 1080 °C for times ranging 

from 0.05 h to 1000 h. The results revealed that grain boundaries acted as 

preferential nucleation sites for the sigma phase after short annealing periods. 

However, with longer aging times, the sigma phase was also observed within 

the grains. For instance, when this alloy was thermally aged for 10 h at 900 °C 

and 1000 °C, approximately 5% and 12% of sigma phase were formed, 
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respectively. It's noteworthy that this alloy presents VEC = 7.76 and PFSE = 

52%, i.e., sigma-prone. 

Recently, Bertoli et al. [22] assessed the use of the CALPHAD method 

and Tsai criteria to aid the study of phase equilibria in the VCrMnFeCo system. 

Their findings revealed that the CALPHAD method, applied with three distinct 

databases (TCHEA3, PanHEA2020, and PanHEA2022), and Tsai criteria 

predictions diverged in some cases, and both were partially accurate when 

compared to experimental characterization. Therefore, the use of different 

predictive methods together appears to offer significant advantages for the 

design of stable M/HEAs. 

The application of this approach is somewhat limited, due to the 

temperature-dependent nature of the critical VEC/PSFE range at which sigma 

phase formation becomes probable. Furthermore, plastic deformation during 

cold rolling can also accelerate sigma phase formation within HEAs by providing 

heterogeneous nucleation sites within the grains [31]. Consequently, an alloy 

that initially appears to be sigma-free can exhibit sigma phase formation when 

these variables are considered. As a result, a substantial volume of 

experimental data is necessary to precisely define these critical ranges. 

Moreover, it is important to emphasize that the validation of these empirical 

methods (VEC/PSFE) demands precise experimental investigations, since the 

overall accuracy of the existing physical models is still quite low, with the 

highest one around 72% [43], as mentioned previously. 
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Figure 4.3 - Pseudo-ternary diagram (in at.%) for the Fe-Cr50Co50-Ni50Mn50 system for 

the prediction study of sigma phase formation using two empirical methods (Tsai 

criteria). (a) Valence electron concentration (VEC) and (b) Paired sigma-forming 

element (PSFE). It should be noted that different color bars are used for VEC (a) and 

PSFE (b) diagrams to better represent different ranges. Specifically, the color bar of 

VEC diagram represent from lowest values (red for weak intensity) to highest values 

(blue for strong intensity), while that in the PSFE diagram represent from lowest values 

(blue for weak intensity) to highest values (red for strong intensity). (c) correlation 

between PSFE and VEC for sigma phase prediction by the Tsai criteria indicated by 

the colored zones. Sigma-free (VEC outside 6.88-7.84 or PSFE < 25% - blue zone); 

sigma-prone (VEC inside 6.88-7.84 and PSFE > 40% - red zone); and Uncertain (VEC 

inside 6.88-7.84 and PSFE between 25% and 40% - light blue/red zone). 
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4.3 Chemical, microstructural, and structural characterization 

 

The composition of the M/HEAs (at.%), as well as the content of 

interstitial elements (wt.%), are given in Table 4.1 and Table 4.2, respectively. 

The actual compositions, determined using chemical analysis (ICP-OES), 

deviate only slightly from the designed compositions, see Table 4.1. The total 

contents of C, S, O, N, and H, measured by Leco® CS-844 and Leco® ONH-

836, were below 355 ppm, 65 ppm, 315 ppm, 225 ppm and 35 ppm, 

respectively, for all alloys, as indicated in Table 4.2. Therefore, all the 

thermodynamic calculations described here only considered the substitutional 

elements. The presence of these interstitial elements is highly likely due to 

contamination of the melting equipment and the starting feedstocks used in the 

fabrication of the alloys. It is worth noting that it is extremely difficult to reduce 

the number of non-metallic inclusions (NMIs) to a low level, when using 

commercially available pure elements and common vacuum casting methods. 

One effective way to minimize the content of NMIs is to use high-purity raw 

materials and high-vacuum production techniques [112]. 

 

Table 4.1 - Compositions of the M/HEAs (at.%), according to ICP-OES analysis. 

Sample Nominal concentration 
Measured composition 

Co Cr Fe Mn Ni Al 

Co15Cr15 Co15Cr15Fe50Mn10Ni10 14.9 13.8 49.5 11.4 10.3 0.1 

Co20Cr20 Co20Cr20Fe40Mn10Ni10 19.3 18.5 39.4 11.6 11.1 0.1 

Co25Cr25 Co25Cr25Fe30Mn10Ni10 24.3 22.2 32.5 10.4 10.5 0.1 

 

Table 4.2 - Content of interstitial elements (wt.%) in the M/HEAs, according to Leco® 
CS-844/ONH-836 analysis. 

Sample 
Interstitial elements 

C S O N H 

Co15Cr15 0.017 0.006 0.009 0.010 0.003 

Co20Cr20 0.026 0.005 0.017 0.013 0.002 

Co25Cr25 0.035 0.005 0.031 0.022 0.002 
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Representative microstructures of recrystallized and aged samples are 

presented in Fig. 4.4. The EBSD IPF analysis reveals the average grain sizes 

(excluding twin boundaries) range from 4.0 to 156.5 µm (Co15Cr15), 3.8 to 75.4 

µm (Co20Cr20), and 2.7 to 67.3 µm (Co25Cr25) compared to the recrystallized 

sample (900 °C for 0.25 h) and the 1100 °C, 20 h condition. Consequently, the 

percentage increase in average grain size for the Co15Cr15 alloy is ≈ 1.6 times 

greater than that of the Co25Cr25 alloy in terms of order of magnitude. It implies 

these alloys present different grain growth kinetics. 

Despite 20 h of aging at the chosen temperatures (900 °C, 1000 °C, and 

1100 °C), it was observed that the sigma phase did not form in any of these 

alloys. Instead, all alloys consistently retained a single FCC phase. Although Co 

is not as effective as Ni in suppressing the formation of the sigma phase, it does 

stabilize the FCC phase, and its effect must be considered. Bloomfield et al. 

[49] studied the effect of Co on the phase stability of the CrMnFeCoxNi system, 

where x = 0, 0.5, and 1.5. The alloys contained 0, 11.1, and 27.27 at.% Co, 

respectively. It was shown that for the two alloys containing Co, single FCC 

phase was obtained in the homogenized condition. Exposures at 900 °C and 

700 °C for 1000 h resulted in the formation of sigma phase in the alloy 

containing 11.1 at.% Co, but not in the alloy containing 27.27 at.% Co. 

Therefore, these data, in conjunction with previously published results, indicate 

that Co stabilizes the FCC matrix in this temperature range. Here in the 

CoCrFeMnNi-based M/HEAs studied, the Co and Cr content simultaneously 

changed, at the expense of Fe, while keeping Ni and Mn constant. 

Unlike the sigma phase that can be avoided if alloy compositions or heat 

treatments are well designed based on thermodynamic principles, nonmetallic 

inclusions (NMIs), e.g., oxides, sulfides and/or carbides are inevitable 

compounds in many engineering alloys that can be introduced unintentionally 

through normal production routes/service atmospheres [112–115]. Although the 

oxygen, sulfur, and carbon concentrations in the M/HEAs were at ppm levels, 

see Table 4.2, NMIs were observed. 

To further clarify the microstructure and elemental composition, SEM-

BSE/EDS analysis was performed; the results are also shown in Fig. 4.4. Based 
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on SEM-BSE/EDS qualitative analysis, the NMIs consist of a mixture of oxide, 

sulfide, and carbide compounds, categorized as follows: Al-rich, (Mn,Al)-rich, 

and (Mn,Cr)-rich oxides; Mn-rich sulfides; and Cr-rich and Mn-rich carbides. A 

detailed analysis of composition and structure of the NMIs is beyond the scope 

of this work. In future work, these data should be considered, as NMIs, including 

their fraction, size distribution, morphology, and composition, may have a direct 

impact on the final properties of the material. 

 

 

Figure 4.4 - Representative microstructure of M/HEAs (samples recrystallized and 

thermally aged). EBSD inverse pole figures (IPFs) of (a, c, e, g) Co15Cr15, (I, k, m, o) 

Co20Cr20, and (q, s, u, w) Co25Cr25 M/HEAs. SEM-BSE images of the typical non-

metallic inclusions (NMIs) found in (b, d, f, h) Co15Cr15, (j, l, n, p) Co20Cr20, and (r, t, 

v, x) Co25Cr25. ((b1-b9), (d1-d9), (f1-f9), (h1-h9), (j1-j9), (l1-l9), (n1-n9), (p1-p9), (r1-

r9), (t1-t9), (v1-v9), and (x1-x9)) correspond to EDS mapping of the NMIs shown in (b, 

d, f, h) Co15Cr15, (j, l, n, p) Co20Cr20, and (r, t, v, x) Co25Cr25, respectively. The 

mean grain size (𝑑) of each alloy is also indicated in the IPFs. 
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To support microstructure characterization, high-energy synchrotron X-

ray diffraction (HE-SXRD) was utilized to comprehensively analyze phase 

structure evolution. The use of 2D detectors and high-penetration (transmission 

mode) with high-energy photons allowed for the rapid acquisition of complete 

Debye-Scheler rings, capturing bulk microstructure information in a single beam 

shot within seconds [116,117]. 

Integration of the obtained 2D diffraction rings into diffraction patterns is 

detailed in Fig. 4.5 (a-d), revealing the dominance of an FCC phase with very 

low traces of NMIs. The high signal-to-noise ratio of synchrotron X-ray sources 

enabled the identification of even minor phases [118], reinforcing the detection 

of extremely low-intensity diffraction peaks of the NMIs. 

The patterns were indexed to the FCC phase (Ni - ICSD n° 260169 [119]) 

and NMIs, such as Al-rich oxide (Al2O3 - ICSD n° 130948 [120]), (Mn,Cr)-rich 

oxide (MnCr2O4 - ICSD n° 33337 [121]), (Mn,Al)-rich oxide (MnAl2O4 - ICSD n° 

157282 [122]), Mn-rich sulfide (MnS ICSD n° 158647 [123]) and M23C6 carbide 

(ICSD n° 167668 [124]). These findings were consistent with SEM-BSE/EDS 

examinations, highlighting the presence of NMIs in all samples. It is worth 

noting that the low-intensity diffraction peaks at specific 2θ positions (dashed 

line) visible in Fig. 4.5 (a-d) can be attributed to FCC phase reflections caused 

by the 2nd harmonic of the synchrotron X-ray beam [94–97]. 

Despite efforts to increase sigma phase formation kinetics by cold-rolling 

before thermal aging, both SEM-BSE/EDS and HE-SXRD analyses suggested 

the change in driving force and acceleration of sigma phase formation kinetics 

may not have been sufficient to induce sigma phase formation in these alloys. 

Schuh et al. [31] suggested the absence of clear experimental evidence of the 

sigma phase could possibly be attributed to kinetic suppression, rather than 

thermodynamic stability, implying thermodynamic equilibrium may not have 

been reached, even after prolonged aging at specific temperatures. However, 

this possibility seems remote, considering the long time (20 h) the samples 

were held at a high temperature, 900 °C and above, which corresponds to 68% 

(and above) of the homologous temperature. Additionally, since the samples 
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from this work were previously cold worked, it reinforces the idea that these 

samples should indeed be sigma-free at the temperatures investigated. 

 

 

Figure 4.5 - Representative high-energy synchrotron X-ray diffraction patterns 

(logarithmic intensity scale) of the M/HEAs. (a) recrystallized at 900 °C for 0.25 h, (b) 

thermally aged at 900 °C for 20 h, (c) thermally aged at 1000 °C for 20 h, and (d) 

thermally aged at 1100 °C for 20 h. As shown, peaks of the FCC phase were 

predominantly observed, along with very weak signals corresponding to non-metallic 

inclusions (NMIs) identified as oxides, sulfides, and carbides. The not indexed low-

intensity diffraction peaks (dashed line) correspond to FCC phase reflections caused 

by the 2nd harmonic of the synchrotron beam. Notably, no indications of the sigma 

phase were detected. 
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4.4 Comparative analysis of sigma phase prediction methods/criteria vs 

experimental data 

 

After presenting and discussing the different aspects of phase prediction 

methods (CALPHAD and Tsai criteria) and experimental characterization (SEM-

BSE/EDS and HE-SXRD analysis), it is possible to compare the predictions and 

experimental results, as shown in Table 4. When comparing the experimental 

results with the CALPHAD method, using the TCHEA5 and PanHEA2022 

databases, the TCHEA5 database correctly predicted only 1 of the 9 conditions: 

the Co15Cr15 alloy when thermally aged at 1100 °C for 20 h, resulting in single-

phase FCC only. However, it incorrectly predicted sigma formation for all of the 

other tested conditions. Conversely, PanHEA2022 database correctly predicted 

8 of the 9 conditions, wrongly predicting (sigma formation) only for the 

Co25Cr25 alloy when thermally aged at 900 °C for 20 h. In practice, regardless 

of the aging temperatures studied, these alloys exhibited only the FCC phase 

and minority NMIs. The databases are predominantly based on the phase 

equilibria of binary and, to a lesser extent, ternary systems; an increasing body 

of evidence shows the fidelity of their predictions in higher order systems, such 

as M/HEAs, is unreliable [52,105,106,125,126]. Both databases present the 𝑓𝐴𝐵 

= 1. However, whereas the TCHEA5 database presents a 𝑓𝐴𝑇 = 0.5, the 

PanHEA2022 database presents a 𝑓𝐴𝑇 = 0.8, as mentioned previously. When 

more experimental data on sigma phase stability becomes available, it should 

be possible to update and/or develop new databases, which should improve the 

predictability of the CALPHAD method. 

Comparative analysis of experimental findings with the Tsai criteria 

revealed accurate predictions for all alloys, regardless of the temperatures 

studied. Furthermore, Tsai et al. [60] recommended the refinement of their 

criteria through extensive investigations encompassing different conditions. A 

noteworthy contribution of this study lies in its exploration of alloys subjected to 

thermal aging at three distinct temperatures (900, 1000, and 1100 °C), which 

deviate from the initially reported 700 °C employed to develop the Tsai criteria. 

The aging time of 20 h, however, was kept the same. It is worth noting that the 
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Tsai criteria represent an empirical methodology conceived with the primary 

objective of predicting the sigma phase within V- and Cr-containing M/HEAs. 

Nevertheless, this method demonstrated a high level of accuracy in predicting 

sigma-free or sigma-prone alloys in the CoCrFeMnNi system. Although 

accurate for the alloys studied here, Bertoli et al. [22] made comments 

regarding the most advantageous approach to enhance the predictability of the 

sigma phase using the Tsai criteria. They considered three potential strategies: 

one involving a unified VEC range for various alloys and temperatures, which 

benefits from a large dataset and extensive sampling; another involving specific 

VEC ranges tailored to each alloy system or temperature range, offering 

specialization and a well-defined scope; and a third that represents a 

compromise between the two previous possibilities. 

 

Table 4.3 - Predicted vs experimentally observed phases for the studied M/HEAs 
compositions. Predictions by the CALPHAD method (at 900 ºC, 1000 ºC and 1100 ºC) 
and by the Tsai Criteria (Sigma-free - VEC outside 6.88-7.84 or PSFE < 25%; sigma-
prone - VEC inside 6.88-7.84 and PSFE > 40%; and Uncertain - VEC inside 6.88-7.84 and 

PSFE between 25% and 40%). Experimentally observed phases obtained by a 
combination of scanning electron microscopy (EDS, BSE and EBSD) and high-energy 
synchrotron X-ray diffraction in the thermal aging condition (at 900 ºC, 1000 ºC and 1100 

ºC for 20 h). 

Alloys Temperature (ºC) 

CALPHAD method Tsai criteria Experimental 

TCHEA5 database PanHEA2022 database 
VEC | PSFE | 

Sigma-? 
SEM and HE-SXRD 

Co15Cr15 

1100 FCC FCC 
7.95 | 30% | Sigma-

free 

FCC 

1000 FCC + 4% sigma FCC FCC 

900 FCC + 15% sigma FCC FCC 

Co20Cr20 

1100 FCC + 8% sigma FCC 
7.90 | 40% | Sigma-

free 

FCC 

1000 FCC + 20% sigma FCC FCC 

900 FCC + 30% sigma FCC FCC 

Co25Cr25 

1100 FCC + 10% sigma FCC 
7.85 | 50% | Sigma-

free 

FCC 

1000 FCC + 22% sigma FCC FCC 

900 FCC + 32% sigma FCC + 2% sigma FCC 

Note: For all thermodynamic calculations using the CALPHAD method, Thermo-Calc® software using TCHEA5 database, and Pandat® software using 

PanHEA2022 database were used under equilibrium conditions. The data were plotted using nominal, rather than actual, alloy compositions. Although 

the FCC phase was predominantly observed through SEM and HE-SXRD experiments, the presence of non-metallic inclusions (NMIs), identified as 

oxides, sulfide, and carbides, was also detected at extremely low levels. 
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4.5 Recrystallization, grain growth and mechanical properties 

 

SEM-EBSD inverse pole figures (IPFs) of the recrystallized M/HEAs are 

shown in Fig. 4.6-4.8 for Co15Cr15, Co20Cr20 and Co25Cr25, respectively. 

The IPF maps revealed that in all the annealing conditions, microstructures 

were fully recrystallized with significant fractions of annealing twins and showed 

random orientation. All samples present single-phase FCC. Furthermore, all 

micrographs exhibited a uniform grain size distribution. The temperature and 

time are proportional to the grain size. In addition, higher temperatures result in 

a more rapid grain growth compared to lower temperatures. Notably, the 

Co15Cr15 exhibits a pronounced tendency for faster grain growth than 

Co20Cr20 and Co25Cr25 alloys. The smallest grain sizes, measuring 4.0 µm 

(Co15Cr15), 3.8 µm (Co20Cr20), and 2.7 µm (Co25Cr25), were achieved 

through annealing at 900 °C for 0.25 h. Conversely, the largest grain sizes, 

measuring 102.5 µm (Co15Cr15), 77.7 µm (Co20Cr20), and 40.5 µm 

(Co25Cr25), were obtained by annealing at 1100 °C for 2 h. 

Recent studies suggest that stacking fault energy (SFE) plays a role in 

controlling kinetic processes, such as rate of recovery, recrystallization, and 

grain growth [127]. Thirathipviwat et al. [128] confirmed that lower SFE led to 

partial dislocations that were difficult to climb and cross-slip, resulting in a lower 

grain growth rate for the CoCrFeMnNi HEA. In opposite, higher SFE in a 

FeNiCo alloy and in pure Ni showed easy climb and cross-slip, which provided 

faster recovery, extensive recrystallization, and grain growth. However, that the 

movement of dislocations is unrelated to diffusive processes rules out the 

possibility that the changes in recrystallization and grain growth are due to SFE, 

reinforcing the need for an alternative explanation. 

It is known that Co and Cr additions decrease the SFE, which facilitates 

the occurrence of strain-induced HCP martensitic phase (TRIP effect) 

[13,14,32,129]. The alloys studied here present the following deformation 

mechanisms: Co15Cr15 (TWIP), Co20Cr20 (TWIP/TRIP), and Co25Cr25 

(TRIP). The results to prove it are further described later. Thus, the nucleation 

of a second phase (strain-induced HCP martensitic phase) in the FCC matrix 
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after the cold rolling aggravates heterogeneous deformation. Hence, the effect 

of second phase increases stored energy during deformation, leading to 

significant misorientation and leaving numerous crystal defects, e.g. 

dislocations and stacking faults (SFs), providing more nucleation sites for 

recrystallization, leading to reduced grain growth [130–132]. 

Recently, Puosso et al. [133] and Bertoli et al. [73] evaluated the Hall-

Petch and grain growth kinetics of CrCoNi alloys. While Puosso et al. [133] 

focused on the Cr40Co30Ni30 alloy (TWIP dominant), Bertoli et al. [73] focused 

on the Cr40Co40Ni20 alloy (TRIP dominant). Both studies strictly followed the 

same thermomechanical processing conditions (cold rolling to a thickness 

reduction of 40%), as well as annealing temperature and time. For all annealing 

conditions, the TWIP Cr40Co30Ni30 alloy exhibited larger grain sizes when 

compared to the TRIP Cr40Co40Ni20 alloy. It even surpassed twice the grain size 

when both were annealed at 900 °C for 0.5 h, measuring 8.4 µm (Cr40Co30Ni30) 

compared to 4.1 µm (Cr40Co40Ni20). Wei et al. [13] designed novel FCC phase 

non-equiatomic CoCrMnNiFe HEAs with different SFEs via modifying 

constituent concentrations. The same trend was observed, i.e., increasing Co 

and/or Cr content at the expense of Fe, Mn, and Ni, in addition to reducing the 

SFE value, decreased the mean grain size of the alloys (Co20Cr20Mn20Ni20Fe20, 

Cantor alloy – TWIP dominant (19.8 µm), Co35Cr20Mn15Ni15Fe15, TWIP 

dominant (16.3 µm), and Co35Cr25Mn15Ni15Fe10, TRIP dominant (11.2 µm)). The 

alloys were cold-rolled to a thickness reduction of 40%, then annealed at 1000 

°C for 0.1 h. 

It is also worth noting that, during the grain growth stage of annealing, 

the average grain size is normally proportional to the square root of the product 

of diffusivity and time [134]. The larger grain size hence results from the higher 

diffusion rates of the alloy elements. This suggests the Co15Cr15 alloy with the 

largest grain size has relatively high diffusion rate compared with the Co20Cr20 

and Co25Cr25 M/HEAs. 

Hence, we believe that, although tuning the compositions led to a 

reduction in the SFE, it was not this parameter that was responsible for the 

increased recrystallization rate, resulting in a lower grain growth rate, but rather 
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the effect of the second phase (strain-induced HCP martensitic phase), as well 

as different diffusion rates, where we expect the latter to increase in the 

following order: Co25Cr25 < Co20Cr20 < Co15Cr15. However, a detailed 

analysis is beyond the scope of this study. Therefore, further research is 

necessary to understand the detailed mechanism of recrystallization and grain 

growth behavior of these alloys. 

 

 

Figure 4.6 - Microstructure of the recrystallized M/HEAs. EBSD IPFs of Co15Cr15 

alloy. The mean grain size (𝑑) of each alloy is also indicated in each IPF. 
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Figure 4.7 - Microstructure of the recrystallized M/HEAs. EBSD IPFs of Co20Cr20 

alloy. The mean grain size (𝑑) of each alloy is also indicated in each IPF. 

 

 

Figure 4.8 - Microstructure of the recrystallized M/HEAs. EBSD IPFs of Co25Cr25 

alloy. The mean grain size (𝑑) of each alloy is also indicated in each IPF. 
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To demonstrate the mechanical performance of the M/HEAs and 

elucidate the influence of grain size, tensile tests were conducted at room 

temperature. Figure 4.9 (a-c, d-f, g-i) illustrates the representative engineering 

stress-strain curves for Co15Cr15, Co20Cr20, and Co25Cr25 M/HEAs, 

respectively. The corresponding strength and elongation values are 

summarized in the inserted table. As expected, both the yield strength (𝜎𝑦), 

determined as the stress at which 0.2% plastic strain occurs, and ultimate 

tensile strength (𝜎𝑢) decreased with an increase in grain size, but increased 

with higher Co and Cr contents. This suggests an enhancement in solid solution 

strengthening as the Co and Cr (mainly Cr) contents increase [135]. 

Regarding ductility (uniform and total elongation), we need to consider 

the effect of grain size on the stability of deformation mechanisms (TWIP and/or 

TRIP) in these alloys. The FCC grain size also plays a crucial role in these 

deformation mechanisms, leading to an increase in the SFE value due to grain 

refinement. The SFE including the grain size effect is called ‘apparent’ SFE, 

distinguished from ‘intrinsic’ SFE based upon  the chemical composition of an 

alloy and temperature [136,137]. The effect of FCC grain size on the transition 

of deformation mechanisms (TRIP↔TWIP) has been extensively examined in 

several works inspired by medium- and high-Mn steels [138–140]. Jo et al. [141] 

reported that whereas only mechanical twins were observed in a tensile-

fractured Fe–18Mn-0.6C-1.5Si (wt.%) TWIP steel with grain sizes smaller than 

17.6 µm, strain-induced martensitic phase was observed in a sample with grain 

sizes above 20.3 µm. A study conducted by Lee et al. [142] concluded that 

when the FCC grain size decreased from 51.72 µm to 0.75 µm in a Fe–17Mn 

(wt.%) steel, the apparent SFE value increased from 10.8 mJ/m2 to 23.4 mJ/m2, 

and the transition from TRIP to TWIP occurred at the late stage of tensile strain 

in ultrafine-grained specimens with high apparent SFE values (>23.1 mJ/m2). 

Experimentally, the SFE can be obtained using TEM analysis by measuring the 

distance between Shockley partial dislocations. In this analysis, several factors, 

including nearby grain boundaries, can limit the distance of the partials [143], 

which is reflected in the increase in the apparent SFE values. 
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Although not shown here, we believe that as grain size increases, it 

influences the stability of the FCC matrix, leading to a decrease in the apparent 

SFE, which may lead to a transition from TWIP to TRIP mechanisms. However, 

even though the grain sizes studied here may not provide sufficient driving force 

to lead to a transition of deformation mechanism, larger grain sizes facilitate an 

increase in the content of strain-induced HCP martensitic phase. This effect is 

particularly notable in alloys already exhibiting the TRIP effect at smaller grain 

sizes, thereby reinforcing the dominance of the TRIP effect as grain size 

increases. While several studies were conducted to investigate the 

TRIP↔TWIP transition, the optimal contribution of each of these mechanisms 

remains unclear. However, a detailed analysis of this is beyond the scope of 

this work. Future work should consider these data, as these deformation 

mechanisms have a direct impact on the mechanical properties. 
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Figure 4.9 – Engineering stress-strain curves at room temperature of the recrystallized 

M/HEAs with different grain sizes. (a, b, c) Co15Cr15, (d, e, f) Co20Cr20, (g, h, i) 

Co25Cr25 M/HEAs annealed at 900, 1000 and 1100 °C for 0.25, 0.5, 1 and 2 h, 

respectively. The inserts in (a-i) summarize the mechanical properties of the alloys 

determined from tensile tests. 𝜎𝑦, 𝜎𝑢, and 𝜀𝑈𝐸  refer to yield strength, ultimate tensile 

strength, and uniform elongation, respectively. 𝜎𝑦 was determined as the stress at 

which 0.2% plastic strain occurs. 

 

As shown by the tensile properties (Fig. 4.9), the mechanical behavior of 

M/HEAs is strongly affected by grain size. The relation between yield strength 

(𝜎𝑦) and mean grain size (𝑑) is given by the classical Hall–Petch equation 

[144,145]: 

𝜎𝑦 = 𝜎0 + 𝑘𝐻𝑃𝑑−1/2      (4.1) 
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Where, 𝜎0 is the intrinsic resistance of the lattice to dislocation motion 

referred to as friction stress, and 𝑘𝐻𝑃 can be interpreted as the resistance 

offered by grain boundaries to the dislocation slip [146]. 

Fig. 4.10 shows the Hall-Petch plots for yield strength (0.2% proof stress, 

𝜎0.2%) versus inverse square root of the mean grain size (𝑑−1/2) of the M/HEAs 

at room temperature. It is observed that, within the current grain size range, the 

𝜎𝑦 values follow the classical Hall-Petch relationship. The relationships for each 

alloy were determined by fitting the data using Eq. (4.1), with the respective 

equations presented in Fig. 4.10. The values of 𝜎0 are 144, 147, and 198 MPa 

for the Co15Cr15, Co20Cr20, and Co25Cr25 M/HEAs, respectively, as 

determined from the linear fittings (R2 = 0.98-0.99). Although the difference in 𝜎0 

is insignificant between Co15Cr15 and Co20Cr20 (≈ 2%), when compared with 

Co25Cr25, it was improved by 36%. The 𝜎0 of the M/HEAs was much larger 

than those of pure Ni (14.2 MPa), pure Al (4.0 MPa), and Ni-40Co alloy (51.9 

MPa) [147]. Local lattice distortion (LLD) and chemical undulation, or short-

range order (SRO), were shown to increase the lattice friction force of M/HEAs 

[148–151]. On the other hand, 𝑘𝐻𝑃 increased significantly from 275 to 516 

MPa.µm1/2, representing an approximately 88% increase when comparing 

Co15Cr15 and Co25Cr25 alloys. A high 𝑘𝐻𝑃 denotes that the (yield) strength 

considerably increases with the decreasing grain size. The 𝑘𝐻𝑃 of Co25Cr25 

(516 MPa.µm1/2) is comparable to the equiatomic CrCoNi and non-equiatomic 

Cr40Co40Ni20 alloys [73], and much greater than commercial Cr–Ni austenitic 

stainless steels (395 MPa.µm1/2) [152] and pure FCC metals (80–230 

MPa.µm1/2) [153]. 
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Figure 4.10 – Hall–Petch plot of the yield strength (𝜎𝑦) as a function of the mean FCC 

grain size (𝑑−1/2), excluding twin boundaries, of the M/HEAs. 

 

The Hall-Petch slope, 𝑘𝐻𝑃, can be fitted by the empirical Eq. (4.2) [153]: 

𝐾𝐻𝑃 = 𝛽𝐺𝑏1/2     (4.2) 

where, 𝐺 is the shear modulus, 𝑏 is the magnitude of the Burgers vector, 

and 𝛽 is a model-dependent constant. For FCC alloys, 𝛽 = 0.18 is accurate 

[153], thus it was used in this work. 

The shear moduli (𝐺) were calculated by extrapolating them to what 

would be expected from pure single-phase FCC Cr, Mn, Fe, and Co. Thus, the 

𝐺 values for each composition were calculated using Eq. (4.3) [135]. 

𝐺 = 103.5𝑥𝐶𝑟 + 81.0𝑥𝑀𝑛 + 51.7𝑥𝐹𝑒 + 81.0𝑥𝐶𝑜 + 76.0𝑥𝑁𝑖  (4.3) 

The atomic radii (𝑟) of the elements obtained by Coury et al. [135], 

calculated through the effective atomic radii for strength (EARS) methodology 

are: Cr (130.09 pm), Mn (129.41 pm), Fe (127.86 pm), Co (124.30 pm) and Ni 

(122.66 pm). This would be the atomic radius that these elements would 

present in an equiatomic CrMnFeCoNi alloy with an FCC structure. 

Fig. 4.11 (a) shows the predicted 𝐾𝐻𝑃 values, in which pseudo-ternary 

phase diagram (in at.%) for the Fe-Cr50Co50-Ni50Mn50 system is presented. As 

can be seen, as the Co and Cr contents increase, in addition to the expected 
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reduction in SFE, there is also an increase in 𝐾𝐻𝑃. Thus, indicating an inverse 

relationship, i.e., SFE-1 ∝ 𝐾𝐻𝑃. The shear modulus (𝐺), increased from 69.2 GPa 

(Co15Cr15) to 73.3 GPa (Co20Cr20) and then to 77.3 GPa (Co25Cr25). As 𝑘𝐻𝑃 

are proportional to 𝐺, an increase in 𝐺 contributes to an increase in this 

parameter. Simultaneously, SFE affects the dislocation-slip behavior and the 

arrangement of dislocations, which is another reason for the differences in 𝑘𝐻𝑃. 

According to Wei et al. [147], the restriction of Shockley partials is a prerequisite 

for cross-slip, which is suppressed by reducing SFE. Consequently, a larger 

shear stress is required for dislocation pile-ups to reach critical stress 

concentration. Thus, a decrease in SFE further contributes to the increase in 

𝑘𝐻𝑃. This behavior was also reported in other studies [73,133,154]. 

In order to predict the solid solution strengthening (𝜎𝑠𝑠), the Varvenne 

model [151] (Eq. 4.4) was employed and plotted over the pseudo-ternary 

diagram (in at.%) for the Fe-Cr50Co50-Ni50Mn50 system. This model has proven 

to be accurate in FCC alloys of the CrMnFeCoNi system [135,155]. According 

to the model, the Peierls stress at 0 K (𝜏0) and the activation energy for moving 

a dislocation (∆𝐸𝑏) are calculated by Eqs. (4.5 and 4.6), respectively. 

𝜎𝑠𝑠(𝑇, 𝜀̇) = 𝑀𝜏0  [1 − (
𝑘𝑏𝑇

∆𝐸𝑏
𝑙𝑛

𝜀̇0

𝜀̇
)

2

3
]    (4.4) 

𝜏0 = 0.051𝛼−
1

3𝐺 (
1+𝜈

1−𝜈
)

4

3 𝑓1(𝑤𝑐) [∑
𝑥𝑛∆𝑉𝑛

2

𝑏6𝑛 ]

2

3
   (4.5) 

∆𝐸𝑏 = 0.274𝛼
1

3𝐺𝑏3 (
1+𝜈

1−𝜈
)

2

3 𝑓2(𝑤𝑐) [∑
𝑥𝑛∆𝑉𝑛

2

𝑏6𝑛 ]

1

3
   (4.6) 

where 𝑀 is the Taylor factor, which is used as 3.06 for FCC crystals, 𝑘𝑏 

is the Boltzmann constant, 𝜀0̇ is a reference strain rate set at 10−4 s-1 [151]. The 

calculations were performed considering a temperature (𝑇) of 293 K and a 

strain rate (𝜀̇) of 10−3 s-1, in accordance with the conducted tensile tests. The 

parameter 𝛼 is a dimensionless constant related to the dislocation line tension, 

which is considered as 0.123 [156]. 𝑏 is the dislocation Burgers vector length, 𝐺 

is the alloy shear modulus (Eq. (4.3)). The 𝑓1(𝑤𝑐) and 𝑓2(𝑤𝑐) terms are 

numerical coefficients related to dislocation core structures, nearly constant at 

0.35 and 5.70, respectively [157]. The 𝑥𝑛 term is the concentration of the nth 
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element in the alloy. The ∆𝑉̅𝑛 term is the average misfit volume caused by the 

nth element in the solid solution. The atomic volume is calculated from the 

atomic radii. 𝜈 is the alloy Poisson ratio, calculated through Eq. (4.7) [135]. 

𝜈 = 0.275𝑥𝐶𝑟 + 0.056𝑥𝑀𝑛 + 0.353𝑥𝐹𝑒 + 0.293𝑥𝐶𝑜 + 0.310𝑥𝑁𝑖   (4.7) 

The 𝜎𝑠𝑠 calculated by Eq. (4.4) dominates at high stresses (when 

𝜎𝑠𝑠/ 𝑀𝜏0 > 0.4). However, at lower stresses (when 𝜎𝑠𝑠/ 𝑀𝜏0 ≤ 0.4), the 𝜎𝑠𝑠 was 

recalculated using Eq. (4.8) [151]. 

𝜎𝑆𝑆(𝑇, 𝜀̇) = 𝑀𝜏0 𝑒𝑥𝑝 (−
1

0.51

𝑘𝑏𝑇

∆𝐸𝑏
𝑙𝑛

𝜀̇0

𝜀̇
) 𝑖𝑓 

𝜎𝑆𝑆

𝑀𝜏0
≤ 0.4   (4.8) 

The predicted 𝜎𝑠𝑠 values calculated using Varvenne-EARS method [135], 

plotted over the pseudo-ternary diagram (in at.%) for the Fe-Cr50Co50-Ni50Mn50 

system, are shown in Fig. 4.12 (b). The 𝜎𝑠𝑠 grows towards Co and Cr-rich alloys 

(96, 119, and 144 MPa for Co15Cr15, Co20Cr20, and Co25Cr25 M/HEAs, 

respectively). However, unlike the trend observed in Fig. 4.12 (a), where the 

increase in 𝐾𝐻𝑃 grows towards Co-Cr binary alloy, 𝜎𝑠𝑠 does not follow the same 

direction, as shown in Fig. 4.12 (b). This may be attributed to lattice distortion. 

In previous studies, Coury et al. [135] utilized high-throughput calculations to 

demonstrate that introducing Mn while removing Ni and Co in the CoCrFeMnNi 

system increases lattice distortion. This effect is attributed to the approach to a 

50% ratio of large to small atoms, as Mn is larger than both Co and Ni but 

smaller than Cr. Conversely, Fe, being smaller than Mn, exhibits a similar effect 

at reduced magnitude. For this reason, elevated 𝜎𝑠𝑠 values are observed near 

the composition of the Co30Cr30Mn20Ni20 alloy, see Fig. 4.12 (b). It is worth 

noting that the higher predicted 𝜎𝑠𝑠 value found for Co30Cr30Mn20Ni20 is due to 

the constraints used to plot the pseudo-ternary diagram, i.e., Fe-Cr50Co50-

Ni50Mn50 system. This indicates that Co30Cr30Mn20Ni20 alloy is not necessarily 

the one with the highest predicted 𝜎𝑠𝑠 value in the Cantor system. 
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Figure 4.11 – (a) Predicted Hall-Petch slope (𝑘𝐻𝑃) plotted over the pseudo-ternary 

diagram (in at.%) for the Fe-Cr50Co50-Ni50Mn50 system. (b) Predicted solid solution 

strengthening (𝜎𝑠𝑠) determined by the Varvenne-EARS method, plotted over the same 

compositional space. 

 

Samples annealed at 900 °C for 0.25 h were employed for a 

comprehensive investigation into the microstructure-mechanical properties 

relationship. Fig. 4.12 (a) shows the engineering tensile stress-strain curves of 

the M/HEAs at room temperature. The 𝜎𝑦 and 𝜎𝑢 of the Co25Cr25 were 

improved by 77% and 35%, respectively, meanwhile the 𝜀𝑈𝐸 decreased ≈ 31%, 

compared with Co15Cr15 alloy. To identify the optimal strength-ductility 

synergy, the product of yield strength and uniform elongation (𝜎𝑦.𝜀𝑈𝐸), also 

referred to as tension toughness [53,158], was plotted against the yield strength 

(Fig. 4.12 (b)). As shown, the 𝜎𝑦.𝜀𝑈𝐸 is proportional to the 𝜎𝑦. In addition, the 

Co15Cr15 exhibits the lowest product (18.5 GPa%), suggesting a poor balance 

of strength and ductility. With increasing Co and Cr contents, the 𝜎𝑦.𝜀𝑈𝐸 

increases, and the optimal strength toughness is achieved for the Co25Cr25 

(22.6 GPa%). This confirms that the Co25Cr25 indeed enables the optimal 

balance of yield strength and uniform elongation. 

The 𝜎𝑦 of a polycrystalline alloy can be described as the sum of multiple 

strengthening contributions, as shown in Eq. (4.9): 

𝜎𝑦 = 𝜎𝜌𝑖 + 𝜎𝑠𝑠 + 𝜎𝑔𝑏 + 𝜎𝑝𝑝     (4.9) 
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where, 𝜎𝜌𝑖, 𝜎𝑠𝑠, 𝜎𝑔𝑏 and 𝜎𝑝𝑝 are the initial dislocation density, solid 

solution, grain boundaries, and precipitation hardening contributions to the yield 

strength, respectively. Given that the alloys are fully recrystallized single-phase 

FCC, the 𝜎𝑝𝑝 term can be disregarded.  

The hardening effect of grain boundaries (𝜎𝑔𝑏) is inversely related to the 

grain size by the Hall-Petch relationship: 

𝜎𝑔𝑏 = 𝑘𝐻𝑃/√𝑑    (4.10) 

where, 𝑘𝐻𝑃 is the Hall-Petch slope (275, 449 and 516 MPa.µm1/2 for the 

Co15Cr15, Co20Cr20, and Co25Cr25 M/HEAs, respectively) and 𝑑 is the mean 

grain size (4.0 µm for Co15Cr15, 3.8 µm for Co20Cr20, and 2.7 µm for 

Co25Cr25). Thus, stresses of 138, 230, and 314 MPa were obtained for the 

Co15Cr15, Co20Cr20, and Co25Cr25 M/HEAs, respectively, due to the 

contribution of grain boundaries (𝜎𝑔𝑏). It should be noted that the Hall-Petch 

slope (𝑘) values used to determine the hardening contribution of grain 

boundaries were those determined experimentally, see Fig. 4.10. Based on this 

result, the hardening effect of grain boundaries corresponds to about 48% for 

Co15Cr15, 61% for Co20Cr20 and 62% for Co25Cr25 of the yield strength. 

Furthermore, the smaller the grain size, the greater this effect (𝜎𝑔𝑏). 

The strengthening contribution from dislocations can be estimated 

according to Eq. 11 [159]. 

𝜎𝜌𝑖 = 𝑀𝛼𝐺𝑏𝜌𝑖1/2     (4.11) 

where, 𝑀 is the Taylor factor and its value is 3.06, 𝛼 is a scaling factor 

and a value of 0.23 was used [160], 𝐺 is the shear modulus (calculated using 

Eq. (4.3)), 𝑏 is the magnitude of the Burgers vector, and 𝜌𝑖 is the initial 

dislocation density (calculated using Eq. (3.5)). The 𝜎𝜌𝑖 contributed ≈ 110, 138, 

and 133 MPa for the Co15Cr15, Co20Cr20, and Co25Cr25 M/HEAs, 

respectively, calculated from the initial dislocation density of 7.9 x 1013 m-2 for 

Co15Cr15, 11.1 x 1013 m-2 for Co20Cr20, and 9.3 x 1013 m-2 µm for Co25Cr25. 

However, in terms of the dislocation strengthening (𝜎𝜌𝑖), the difference is 

insignificant between the alloys. The predicted 𝜎𝑦 values from the sum of 

multiple strengthening contributions (𝜎𝜌𝑖 + 𝜎𝑠𝑠 + 𝜎𝑔𝑏) were 344, 487, and 591 
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MPa for the Co15Cr15, Co20Cr20, and Co25Cr25 M/HEAs, respectively. 

Although the theoretically predicted 𝜎𝑦 values differ slightly from the 

experimentally calculated 𝜎𝑦 (0.2% proof stress) values (285, 379, and 504 MPa 

for Co15Cr15, Co20Cr20, and Co25Cr25 M/HEAs, respectively, as shown in 

Fig. 4.12 (a)), the same trend was observed. It could be concluded that, 

although the difference between 𝜎𝑠𝑠 and 𝜎𝑔𝑏 is insignificant for Co15Cr15, the 

net increment in 𝜎𝑦 was predominantly due to 𝜎𝑔𝑏 for the Co20Cr20 and 

Co25Cr25 alloys. 

Fig. 4.12 (c) shows the true stress-strain curves and strain-hardening 

curves of the M/HEAs. The alloys exhibit extensive work hardening. The curves 

indicate that, initially, up to approximately 5% true strain, there is a rapid 

decline. From 5% to around 35-45%, a plateau appears, attributed to the 

activation of deformation mechanisms (TWIP and/or TRIP). These mechanisms 

act as barriers to dislocation movements, delaying the point of plastic instability 

and enhancing plasticity [8,10,77,161]. As the necking point is approached, the 

work hardening rate decreases again. The Co25Cr25 alloy displays a higher 

and faster-decreasing strain-hardening rate compared to Co15Cr15, while the 

Co20Cr20 alloy exhibits an intermediate condition. This observation suggests 

differences in the induced plasticity mechanisms (TWIP and/or TRIP). 

Although both TWIP and TRIP alloys display similar three stages in work 

hardening rates, TRIP alloys hinge on the transformation from FCC to HCP as 

the predominant deformation mechanism, leading to a pronounced work 

hardening rate. Moreover, the regime where the work hardening rate remains 

relatively constant corresponds to an increasing presence of the HCP phase 

with growing plastic strain [129]. In contrast, for TWIP alloys, the increased work 

hardening rate is attributed to the formation of twins during deformation. These 

mechanical twins may operate similarly to grain boundaries, with their fraction 

increasing with strain, resulting in enhanced strength through a dynamic grain 

refinement (Hall-Petch effect) [162–164]. 
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Figure 4.12 – (a) Representative engineering stress-strain curves at room temperature 

of the recrystallized M/HEAs (samples annealed at 900 °C for 0.25 h). (b) Product of 

strength and ductility (𝜎𝑦.𝜀𝑈𝐸 ) against 𝜎𝑦. (c) True stress-strain curves calculated from 

the engineering stress-strain curves. 
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Fig. 4.13 (a, b) presents the HE-SXRD patterns of the M/HEAs before 

and after tension, respectively. All the alloys exhibit a single-phase FCC 

structure before tension; however, while the Co15Cr15 remained single-phase 

FCC after tension, the HCP phase was observed in the Co20Cr20 (3%) and 

Co25Cr25 (18%) alloys after tension, indicating that the FCC→HCP phase 

transformation occurred during plastic deformation. 

 

 

Figure 4.13 – HE-SXRD pattern (a) before and (b) after tensile testing. 

 

Fig. 4.14 (a1,a2; c1,c2; e1,e2) shows the EBSD image quality (IQ) and 

phase maps of the Co15Cr15, Co20Cr20, and Co25Cr25 M/HEAs, respectively, 

after tension. The FCC→HCP martensitic transformation is obviously visible in 

the Co20Cr20 and Co25Cr25 alloys, with area fractions of the HCP phase being 

6% and 40%, respectively. However, the Co15Cr15 remained single-phase 

FCC after tension. This further confirms that the area fraction of HCP-

martensite phase gradually increases as the Co and Cr contents increase. It is 

important to mention that, with its limited spatial resolution, the EBSD analysis 

only captures a small surface area of the sample, with penetration depths in the 

order of nanometers [165]. In contrast, HE-SXRD analysis, with the use of 2D 

detectors and high penetration (transmission mode), provides more reliable 

data, capturing bulk microstructure information in a single beam shot within 

seconds [116,117]. This explains the slight difference in the phase fractions 

(FCC/HCP) obtained by HE-SXRD and EBSD. Both post-mortem analyses 

were carried out within the gauge length of tensile samples (uniform 
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deformation zone), but relatively near the fractured region. Thus, it is important 

to note that, in addition to enhancing contributions (𝜎𝜌𝑖, 𝜎𝑠𝑠, and 𝜎𝑔𝑏), the TRIP 

effect likely also played a role in the high work hardening rate of the Co20Cr20, 

and more even so in the case of the Co25Cr25 alloy. 

Further EDS elemental mapping taken across multiple grain boundaries 

(before tension) confirms that all the elements exhibit excellent elemental 

homogeneity (Fig. 4.14 (b1-b5) Co15Cr15, Fig. 4.14 (d1-d5) Co20Cr20, and 

Fig. 4.14 (f1-f5) Co25Cr25). The actual compositions deviate only slightly from 

the designed compositions (Co14.7Cr14.4Fe49.5Mn11.5Ni9.9, 

Co19.8Cr19.5Fe39.2Mn11.4Ni10.1, and Co23.4Cr23.6Fe32.1Mn11.1Ni9.8, in at.%). 

 

 

Figure 4.14 – (a1,a2; c1,c2; e1,e2) EBSD image quality (IQ) and phase maps of the 

Co15Cr15, Co20Cr20 and Co25Cr25 M/HEAs, respectively. (b1-b5, d1-d5, f1-f5) EDS 

maps of the Co15Cr15, Co20Cr20 and Co25Cr25 M/HEAs, respectively. 
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To clearly identify the transformed HCP-martensite and deformation twin, 

TEM analyses were conducted. Fig. 4.15 (a1-a3, b1-b3, c1-c3) shows TEM 

analysis, including bright field (BF), dark field (DF), and selected area electron 

diffraction (SAED) patterns of the Co15Cr15, Co20Cr20, and Co25Cr25 

M/HEAs, respectively. 

In the Co15Cr15 (Fig. 4.15 (a1-a3)), deformation twins actively formed 

inside an FCC grain without the formation of HCP-martensite, indicating that 

this alloy presents the TWIP effect as the dominant deformation mechanism. 

Although, the HCP-martensite phase was detected by HE-SXRD and EBSD in 

the Co20Cr20 (Fig. 4.15 (b1-b3)), due to its low fraction, as well as TEM sample 

size limitation, only deformation twins were seen. This indicates that both twins 

and the HCP-martensite phase are formed during the deformation process, 

confirming that the Co20Cr20 exhibit both TWIP and TRIP effects. In contrast, 

in the Co25Cr25, several lamellae with nanometric thickness were observed in 

the BF and DF images (Fig. 4.15 (c1, c2), identified as HCP-martensite phase 

in an FCC matrix, according to the SAED pattern (Fig. 4.15 (c3)). The strain-

induced HCP phase and FCC matrix follow an orientation relationship of 

{111}𝐹𝐶𝐶//(0001)𝐻𝐶𝑃, < 110 >𝐹𝐶𝐶//[21̅1̅0]𝐻𝐶𝑃, which is in accordance with that 

reported for other FCC-phase TRIP M/HEAs [147]. 
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Figure 4.15 – (a1-a3, b1-b3, c1-c3) TEM analysis (bright field (BF), dark field (DF) and 

selected area electron diffraction (SAED) patterns of the Co15Cr15, Co20Cr20 and 

Co25Cr25 M/HEAs, respectively. The DF images were acquired using the {11̅1}𝐹𝐶𝐶 

reflection for the Co15Cr15 and Co20Cr20 M/HEAs and {0001}𝐻𝐶𝑃 reflection for the 

Co25Cr25 HEA. 
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5 SUMMARY AND CONCLUSIONS 

 

This study employed the CALPHAD method, using the TCHEA5 and 

PanHEA2022 databases, and a combination of two empirical approaches, 

namely valence electron concentration (VEC) and paired sigma-forming 

element (PSFE), to investigate the phase equilibria and sigma phase formation 

in the CoCrFeMnNi system. Isothermal aging treatments were conducted at 

temperatures between 900 °C and 1100 °C for 20 h, as the predictions from 

CALPHAD and VEC/PSFE methods diverged regarding sigma phase formation. 

Studies indicate that for the temperature range (900-1100 °C) and 

chosen time (20 h) there would be sufficient kinetic conditions for the formation 

of the sigma phase in these alloys, if it were stable. Additionally, the samples 

from this work were previously cold worked, since plastic deformation during 

cold rolling can also accelerate sigma phase formation within HEAs by providing 

heterogeneous nucleation sites within the grains. 

In a comparative analysis of the experimental results obtained through 

SEM-BSE/EDS and HE-SXRD analysis with predictions using the Tsai criteria, 

it is evident that the Tsai criteria consistently provided accurate predictions for 

all alloy compositions, regardless of the studied temperatures, resulting in 

sigma-free alloys. Notably, the Tsai criteria do not predict the sigma phase 

fractions, but rather indicate whether the alloy compositions are sigma-prone, 

which is useful for designing alloys that avoid sigma phase formation entirely. It 

is essential to highlight that, unlike the Tsai criteria that predict the formation of 

a specific phase (sigma) in a limited alloy system, the CALPHAD method can 

provide thermodynamic properties and phase equilibrium diagrams for a wide 

range of materials, if appropriate databases exist. Improving the predictability of 

the CALPHAD method will require continuous updates and the development of 

new databases. Unlike traditional alloys, the number of components must be 

restricted to create a high-fidelity database for M/HEAs. 

The decrease in SFE led to a transition in the dominant deformation 

behavior from TWIP (Co15Cr15) to TWIP/TRIP (Co20Cr20) and finally to TRIP 

(Co25Cr25), presenting a higher HCP phase content for the Co25Cr25 alloy. 
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The fully-recrystallized FCC single phase microstructures with grain sizes 

ranging from 2.7 µm to 102.5 µm were successfully obtained by cold rolling and 

subsequent annealing. Notably, the Co25Cr25 alloy exhibited relatively higher 

recrystallization and slower grain growth rates compared to the Co20Cr20 and 

Co15Cr15 alloys, possibly attributed to the nucleation of a second phase 

(strain-induced HCP martensitic phase) in the FCC matrix after the cold rolling, 

as well as different diffusion rates where we expect the latter to increase in the 

following order: Co25Cr25 < Co20Cr20 < Co15Cr15. However, further research 

is necessary to understand the detailed mechanisms governing the 

recrystallization and grain growth behavior of these alloys. 

A Hall-Petch relationship was established, revealing that both 𝜎0 and 𝑘𝐻𝑃 

are increased with increasing the 𝐺 and decreasing the SFE. The Co25Cr25 

exhibited the highest sensitivity of strength to grain size (𝑘𝐻𝑃 = 516 MPa.µm1/2), 

indicating high strengthenability through grain refinement. Furthermore, 

Co25Cr25 presented an optimal strength-ductility balance. The higher 𝜎𝑦 

observed in this alloy, while partially attributed to the contributions of 𝜎𝜌𝑖 and 

𝜎𝑠𝑠, was predominantly influenced by 𝜎𝑔𝑏 (≈ 62%). Additionally, Co25Cr25 

exhibited a high 𝜀𝑈𝐸 (≈ 65%), which is shown to be a strong consequence of the 

TRIP effect. It is noteworthy that besides the TRIP, the TWIP effect also played 

a significant role in contributing to the high work hardening rate. 

This study not only unravels the interplay between recrystallization, grain 

growth, and the Hall-Petch relationship but also offers deep insights into the 

mechanical performance, plasticity, and strengthening mechanisms of the 

newly-developed M/HEAs. The connection between composition and 

substructure makes these alloys ideal model materials for thermodynamics-

guided alloy design. Further, this work sheds light on the development of novel 

FCC M/HEAs from the CoCrFeMnNi system, by identifying alloys that exhibit an 

optimal strength-ductility balance. The discussions and critiques presented in 

this study contribute to further delineating the compositional fields of M/HEAs, 

providing guidance for future research in the CoCrFeMnNi system. 
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6 RECOMMENDATIONS FOR FUTURE WORK 

 

Based on the experience and knowledge acquired in carrying out this 

work, the following topics are proposed as recommendations for future works: 

• Carry out in-situ synchrotron X-ray diffraction (HE-SXRD) experiments 

during deformation to determine the stress onset for the TWIP/TRIP 

effect; dislocation density in the material as a function of strain and the 

transformed phase amount; 

• Perform tensile test at room temperature and subzero temperature to 

verify the temperature dependent deformation behavior (TRIP-TWIP) in 

order to find a superior combination of strength and ductility; 

• Investigate the effect of FCC grain size on the TRIP↔TWIP transition; 

• Analyze the corrosion and passive mechanism to verify if the 

compositional changes lead to an improvement in corrosion resistance; 

• Study the effect of tuning composition and deformation mechanisms 

(TRIP/TWIP) on the wear resistance. 
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