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ABSTRACT 
 

Bulk Metallic Glasses (BMGs) possess unique properties such as high strength, 

large elastic limits, excellent magnetic behavior, and corrosion resistance, 

primarily due to their disordered atomic structure. However, their limited ductility 

at room temperature, caused by nonhomogeneous deformation, restricts 

widespread use. To overcome this, Bulk Metallic Glass Composites (BMGCs), 

which incorporate a ductile second phase into a glassy matrix, offer enhanced 

ductility while retaining strength. Among BMGs, Fe-based alloys are particularly 

attractive due to their favorable magnetic, mechanical, and corrosion-resistant 

properties and low cost. Yet, their poor glass-forming ability (GFA) and need for 

rapid cooling rates limit practical applications and component size and geometry. 

This study explores the feasibility of using Laser Powder Bed Fusion (LPBF), an 

additive manufacturing method offering high cooling rates (103-106 K/s), to 

fabricate Fe-based BMGCs in the Fe-Mo-P-C-B system. Six alloy compositions 

were designed through theoretical modeling and synthesized via arc melting. The 

most promising alloys, selected through microstructural and mechanical 

evaluation, were scaled up using Vacuum Induction Melting (VIM) and then gas 

atomized to produce powders suitable for LPBF. The atomized powders were 

processed by LPBF under various parameters to produce dense samples with 

retained glassy phase. While process optimization reduced defects (cracks and 

pores down to 1%) and achieved glassy phase fractions up to 24%, these 

conditions were not simultaneously met. The microstructure included ultrafine bcc 

Fe-Mo-C grains in the melt pool and mixed crystalline phases in the heat-affected 

zone. Compression tests showed no plastic deformation, but the LPBF samples 

demonstrated excellent wear resistance, combining low coefficients of friction and 

wear rates. Overall, the study reveals the trade-off between high density and 

glass formation in LPBF-fabricated Fe-based BMGCs, highlighting both the 

potential and the challenges of using additive manufacturing for producing such 

advanced materials. 

 

Keywords: Additive manufacturing; Laser Powder Bed Fusion; Alloys design; 

Bulk metallic glass composites; Fe-based alloys; Glassy steel. 
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RESUMO 
 

DESIGN, FABRICAÇÃO E CARACTERIZAÇÃO DE COMPÓSITOS 
METÁLICOS VÍTREOS EM VOLUME À BASE DE FERRO POR 

MANUFATURA ADITIVA 
 
Materiais metálicos vítreos em volume (BMGs) possuem propriedades 

excepcionais, como alta resistência mecânica, elevado limite elástico, excelente 

desempenho magnético e resistência à corrosão. Essas características 

decorrem de sua estrutura atômica desordenada, sem ordenação de longo 

alcance. No entanto, a baixa ductilidade à temperatura ambiente — causada por 

deformação não homogênea concentrada— limita suas aplicações estruturais. 

Uma estratégia promissora para superar essa limitação é a produção de 

compósitos vítreos metálico em volume (BMGCs), que combinam uma matriz 

vítrea com uma segunda fase dúctil, promovendo maior ductilidade ao material, 

sem sacrificar significativamente sua resistência. Ligas à base de ferro (Fe) se 

destacam entre os BMGs por apresentarem boas propriedades mecânicas, 

magnéticas, resistência à corrosão e baixo custo. Contudo, apresentam baixa 

habilidade de formação vítrea (GFA) e requerem altas taxas de resfriamento para 

sua formação, o que restringe o tamanho e a geometria das peças produzidas 

por métodos convencionais. Neste estudo, foi investigada a viabilidade de utilizar 

a técnica de manufatura aditiva Fusão de Leito de Pó (LPBF) — que permite 

taxas de resfriamento extremamente altas (103-106 K/s) — para fabricar BMGCs 

do sistema Fe-Mo-P-C-B. Utilizando simulações, seis composições foram 

projetadas, sintetizadas por fusão por arco, e avaliadas quanto à composição 

química, microestrutura e propriedades mecânicas. As ligas mais promissoras 

foram escaladas por fusão por indução a vácuo (VIM) e atomizadas a gás para 

produção de pós adequados à LPBF. Os pós foram processados por LPBF em 

diferentes condições. Foram produzidas amostras com frações de fase vítrea de 

até 24% e percentuais de defeitos (trincas e porosidade < 1%), mas essa 

combinação não ocorreu simultaneamente. As amostras exibiram microestrutura 

ultra refinada embebida em matriz vítrea. Apesar da ausência de deformação 

plástica sob compressão, excelente desempenho tribológico foi atingido. O 

estudo destaca o potencial da LPBF, mas também os desafios de equilibrar 
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densificação e formação vítrea em BMGCs à base de Fe. 

 

Palavras-chave: Manufatura aditiva; Fusão de Leito de Pó; Design de ligas; 

Compósitos metálicos vítreos em volume; Ligas à base de Fe; Aço vítreo. 
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1 INTRODUCTION, MOTIVATION, AND GOAL 
 

Glassy alloys are considered advanced materials whose atomic structure 

is deliberately engineered to achieve superior and functional properties, 

particularly in terms of mechanical performance. Unlike crystalline metals, 

metallic glasses exhibit a disordered atomic structure with no long-range order. 

The lack of structural defects, such as dislocations, results in significantly higher 

strength compared to their crystalline counterparts. At the same time, there is an 

increasing industrial need for high-strength materials as high-strength steels. 

These two points have inspired engineers and researchers to develop new glassy 

alloys and their composites, especially those based on low-cost materials such 

as iron (Fe).   

The necessity of high cooling rates during solidification to form the glass 

structure depends on the metallic alloy system and its chemical composition. 

Some rules, criteria, and parameters in the literature can guide the selection of 

glassy alloys, but none of them is 100% reliable. Therefore, considering a 

combination of those has been a good path. The ability of a metallic alloy to form 

the glassy phase is defined as its glass-forming ability (GFA), which is often 

quantified by the critical cooling rate (Rc), where Rc is the minimum critical cooling 

rate required to suppress crystallization and form a glass.  

In general, Fe-based bulk metallic glasses (BMGs) exhibit poor GFA and 

are brittle at room temperature. However, they offer several attractive features, 

including relatively low material cost, good soft magnetic properties (such as low 

coercivity and high permeability), low core losses, as well as high yield strength, 

high hardness, and excellent corrosion resistance. In order to handle the poor 

GFA, overcoming the plasticity limitations of Fe-based BMGs, but exploring the 

advantages of these glassy materials, a possible alternative is to produce Fe-

based bulk metallic glass composites (BMGCs). In BMGCs, a second phase can 

be introduced into the glassy matrix—either in situ or ex situ—to serve as both 

an obstacle to and a source for shear band propagation, thereby enhancing the 

composite’s balance between strength and ductility. 

Laser powder bed fusion (LPBF) is a layer-by-layer powder bed fusion 

additive manufacturing (AM) technology that uses a laser and is able to effectively 
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achieve high cooling rates (103-106 K/s), depending on the process parameters. 

Because of such characteristics, LPBF can be considered a viable route for the 

fabrication of BMGs and BMGCs, enabling the production of large and complex 

parts with an in situ-controlled microstructure. 

 According to the literature, some Fe-based BMGs have already been 

processed by LPBF. However, none of these alloys were designed for the LPBF 

process. Consequently, issues related to fragility, low density, and undesired 

crystallization constituted the major obstacles to obtaining functional LPBFed 

parts. The motivation of this work, therefore, was to use the LPBF process 

to produce low-cost Fe-based BMGCs. Thus, this work aimed to select and 

design Fe-based alloys able to be successfully processed by LPBF, 

obtaining Fe-based BMGCs with improved plasticity.  

With these considerations, the specific goals of this project were:  

i. To select and design Fe-based bulk metallic glass composites 

using theoretical and experimental methods;  

ii. To produce and characterize the atomized powders of the 

designed alloy;  

iii. To process the powder by LPBF;  

iv. To investigate the influence of the LPBF process parameters 

on the density and phase formation of the LPBFed parts; 

v. To build parts in different directions, 0°, 45°, and 90°, with 

relation to the Z-axis; 

vi. To perform microstructural, mechanical, and wear 

characterization of the samples obtained by LPBF; 

vii. To correlate LPBF process parameters with the resulting 

microstructure, mechanical, and wear properties. 
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2 LITERATURE REVIEW 
 

2.1 Metallic glasses 
 

In terms of atomic structure, materials can be classified into three main 

types: 

1) Crystalline: long-range atomic periodicity exists; there are translational 

and rotational symmetry; 

2) Quasicrystalline: only atomic rotational symmetry exists in three 

dimensions;  

3) Amorphous: atomic periodicity does not exist, but some short-range 

order (SRO) can exist; herein, the atoms are randomly distributed. 

As is well known, structure and properties are closely related. Therefore, 

metallurgy focuses on understanding material structures to establish correlations 

with the resulting properties of alloys. For example, glassy alloys do not contain 

dislocations, stacking faults, grain boundaries, or other typical defects found in 

crystalline structures. As a result, they exhibit strength levels approaching the 

theoretical limit (as shown in Figure 2.1). Additionally, it can be observed that the 

strength of glassy alloys surpasses that of conventional steels, indicating their 

potential to replace certain steels in structural applications [1]. 
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Figure 2.1- Elastic limit versus Young’s modulus for 1507 metals/alloys. The 

metallic glasses results are indicated in the figure by a red circle. Source: [1].  

 

 

There is an ongoing debate regarding the mechanical properties of glassy 

alloys, particularly their strength, and whether they behave similarly to oxide 

glasses. Oxide glasses are brittle materials and present very high strength. 

However, considering the fracture toughness (Equation 2.1), it may be 

concluded that glassy alloys are not brittle. By considering the geometric factor 

“Y” equals to 1 in Equation 2.1, it is possible to calculate the length “a”, which is 

the critical size of the crack inside the materials before failure during application 

of stress. From Figure 2.2, for ceramic, it can be observed that “a” is very small 

(~1 µm), indicating that this material will fail catastrophically under a critical 

stress. In the case of metals, “a” is about 10 mm, and for glassy alloys, this value 

is around 1 mm. These values are then in the same order of magnitude, proving 

that glassy alloys are closer to metallic engineering alloys than ceramic oxide 

glasses.  

From Figure 2.2, metallic glasses and their composites occupy a region close to 

conventional Ti- and Ni-based alloys and steels. This suggests significant 

glassy alloys 
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potential for metallic glasses to be utilized in engineering applications. 

 

 𝐾𝐼𝐶 = 𝑌 𝜎 √𝜋𝑎 

 
Equation 2.1 

 
 

Table 2.1- Data from Figure 2.2 for metal/alloys, ceramic, and metallic glass. 

 Metal/alloys Ceramic Metallic glass 

σy (MPa) 400 3000 1800 

KIC (MPa*m0.5) 100 10 80 

a (m) 20 x10-3 3.5 x10-6 0.63 x10-3 

a (mm) ~ 10 mm ~1 µm ~ 1 mm 
 
 

 
Figure 2.2- Ashby plot displaying yield strength-fracture toughness correlations 

for various engineering materials depicting the exceptional combinations that 

metallic glasses can achieve. Diagonal dotted lines show the plastic-zone size, 

Kc
2/πσy

2, where Kc is the fracture toughness and σy the yield strength. Source: 

[2]. 

 

In 1960, metallic glass (MG) was obtained by Klement et al. in a small 

droplet of Au-25%Si (at. %) alloy solidified from the liquid state at rates of about 

106 K/s [3]. Under high solidification rates, atoms do not have sufficient time or 

energy to arrange for crystal nucleation, and as a result, the amorphous structure 
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is maintained [4]. In other words, this structure is achieved by the control of the 

process’s kinetics. By hindering the kinetic energy, it is possible to avoid the 

arrangement of the atoms, and an amorphous structure is formed. By continuous 

cooling from the liquid state, there are two paths for the melt as shown in Figure 

2.3: 1) the liquid is cooled under such condition that allows the formation of the 

nucleus just below Tm (melting temperature), and with the decreasing of the 

temperature, the viscosity increases, these nucleus gets bigger and bigger until 

all liquid is solidified into a crystal structure. In this case, there is a sudden and 

significant decrease in the specific volume near Tm, as seen in Figure 2.3. 2) 

Here, the liquid is cooled under conditions that do not allow nucleus formation; 

only clusters may be formed. The volume of most of the liquid decreases 

gradually with decreasing temperature until it reaches the Tg (glass transition 

temperature). At Tg, there is a slight increase in the specific volume, and the 

viscosity of the undercooled liquid reaches a value of 1012 Pa.s, which is 

equivalent to the “viscosity” of crystalline solids. Thus, we have a glass solid 

below Tg for all practical purposes. It is worth mentioning that a sharply defined 

Tg temperature at which this occurs does not exist. In reality, there is a 

temperature range in which the liquid becomes glass, and Suryanarayana and 

Inoue [4] have preferred to call this the glass-transformation interval. From Figure 

2.3, it is shown that there is no unique Tg value for a given material, which is 

because of the kinetic nature of the transition rather than thermodynamic [4]; Tg 

depends on the applied cooling rate. Above Tg (but below the crystallization 

temperature, Tx), the metallic glass can revert to the supercooled liquid state 

without crystallization, and this state is usually referred to as the supercooled 

liquid region. The temperature interval between Tx and Tg is recognized as the 

width of the supercooled liquid region, that is, ΔTx = Tx − Tg [4]. 

 



7  

 

 

Figure 2.3- Specific volume changes as a function of temperature and cooling 

rate for 1) normal solidification path and 2) glass-forming path. On increasing the 

cooling rate, the glass transition occurs earlier. Adapted from [4]. 

 

The ability of a metallic alloy to transform into a glassy state is defined as 

the glass-forming ability (GFA) [4], which is going to be explained in detail in the 

next section. Each alloy composition has its own capacity to form the glass 

structure and then requires a specific critical cooling rate (Rc). According to the 

literature [5], [6], [7], [8], the Rc of metallic alloys ranges between 10-2 K/s and 106 

K/s.  

 

2.1.1 Glass forming ability  
 

As mentioned before, Rc is dependent on the alloy composition: the higher 

the Rc, the worse the GFA of the alloy. The interplay of thermodynamics and 

kinetics for crystallization of supercooled liquid results in the typical time–

temperature–transformation (T–T–T) diagram shown in Figure 2.4. If the alloy is 

cooled from the liquid state, under such a condition that provides enough time, 

solidification will occur at temperature T1, and time t1, and the product of 

solidification will be a crystalline solid (curve “1”). On the other side, if the liquid 

alloy is solidified at a rate faster than the cooling rate represented by curve “2,” 

which depicts a tangent to the C-curve at its nose (i.e., the temperature at which 

1 
2 
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the formation of a crystalline phase takes place in the shortest time), then crystal 

formation will not take place. Instead, the liquid will be retained in a supercooled 

(or undercooled) condition. If the temperature of this supercooled liquid is further 

decreased, the liquid viscosity will continue to increase, and at temperatures 

below Tg, the supercooled liquid will become glass [4]. Hence, the most 

straightforward and logical criterion one could think of to predict glass formation 

is that the liquid alloy should be cooled at a rate faster than Rc and to a 

temperature below Tg. But also, from Figure 2.4 is possible to theoretically 

calculate the Rc using Equation 2.2.  

 

                                              𝑅𝐶 ≅
𝑇𝑙−𝑇𝑛

𝑡𝑛
                                       Equation 2.2 

 

Where Tn and tn are the temperature and time at the nose of the C-curve, 

respectively, and Tℓ is the liquidus temperature. However, Suryanarayana and 

Inoue[4] have reported that this expression overestimates Rc since it assumes 

that the crystallization rate corresponds to the nose of the T–T–T curve 

throughout the whole temperature interval of Tℓ to Tn, and therefore results in a 

value somewhat higher than the experimentally determined value. 

 

Figure 2.4- Schematic time–temperature–transformation (T–T–T) diagram for a 

hypothetical composition demonstrating the conditions for glass formation on 

quenching of the melt. Rc represents the critical cooling rate. Adapted from [4]. 
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Even though Rc is an indicator of the GFA of the alloy melt, it is very hard 

to predict the glass-forming ability of a composition. Further, the Rc can only be 

determined when the glassy alloy has been synthesized. Nevertheless, two 

considerations are very important to form a glass:  

1- Addition of alloying elements: changing the chemical composition of alloys 

by adding different elements has decreased Rc, i.e., increased the GFA. 

With the presence of alloying elements, the C-curve is shifted to the right; 

that is, a lower Rc is needed to form the glass. It has been reported [4] that 

glass formation in pure metals requires an extremely high Rc (typically 

>1012 K s−1), and since it is not easy to achieve such high cooling rates, it 

is difficult to produce a pure metal in the glassy state by rapidly quenching 

it from the molten state [4]. However, for binary metallic liquids, the value 

of Rc is typically in the range of 104–106 K s−1. Moreover, as the number of 

components in the alloy system increases, the value of Rc usually further 

decreases; consequently, for multicomponent alloys, Rc is typically about 

102 K s−1 or less [4]. 

2- Flux treatment of the melt: to avoid crystallization, the melt should be as 

pure as possible. In this case, the heterogeneous nucleation is avoided 

once a fluxing agent helps to remove impurities of the melt; as a 

consequence, the GFA of the alloy is improved [6], [9]. 

Nevertheless, the improvement of the glass-forming ability (GFA) is not a 

linear process with respect to the number of alloying elements. Simply increasing 

the number of elements does not necessarily lead to higher GFA. Therefore, 

researchers [4] have been investigating additional criteria to determine whether 

it is possible to predict the GFA in metallic alloy systems. According to the book 

[4], some of the most commonly used criteria and parameters for understanding 

the GFA of a given alloy include the following:  

Empirical criteria 

- Reduced glass transition temperature (Trg): Suggested by Turnbull [10], it 

is purely based on the kinetics of crystal nucleation and the viscosity of 

melts; mathematically given by the ratio Tg/Tℓ. According to Turnbull [10], 

the higher the Tg value, the higher the viscosity and, therefore, the alloy 
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melt could be easily solidified into the glassy state at a low Rc. Besides, 

Turnbull proposed that at Trg ≥ 2/3, homogeneous nucleation of the 

crystalline phase is completely suppressed, and a minimum value of Trg 

≅0.4 has been found to be necessary for an alloy to become glass.  

- Deep eutectics: An alloy system in which the eutectic temperature is 

significantly lower than the melting points of the individual components is 

referred to as a deep eutectic. In such cases, the Tℓ of the alloy is the 

lowest, and, as a result, the Trg reaches its highest value at the eutectic 

composition. Therefore, this composition is expected to be easily 

transformed into a glassy state under quenching. 

Topological Models 

- Atomic size mismatch: The size of constituent atoms has a significant role 

in glass formation. The radius mismatch of the constituents should exceed 

15% to increase the liquid stability and sluggish nucleation.  

- Egami and Waseda criterion: It is based on the destabilization of a crystal 

lattice when is increased the atomic-level stresses in the solid solution. 

There is a critical minimum solute concentration (CB
min), where the glassy 

alloy becomes energetically more favorable than the corresponding 

crystalline lattice, which is given by:  

|
𝑉𝐴 − 𝑉𝐵

𝑉𝐴
| 𝐶𝐵

𝑚𝑖𝑛 = 0.1, 

where VA and VB are the atomic volume of solvent and solute, respectively.  

Inoue empirical criteria 

- The alloy must have at least three elements. 

- The atomic size difference between the main constituent elements should 

be larger than 12%. 

- There should be a negative mixing enthalpy among the alloy's constituent 

elements.  

- The ∆Tx Criterion: Inoue also proposed that the GFA of alloys is directly 

related to ∆Tx. A large width of the supercooled liquid region, ∆Tx = Tx − 

Tg, suggests that the glassy phase produced is very stable and resists 

crystallization. Thus, with an increase in the ∆Tx value, the Rc decreases.  
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Parameters based on the transformation temperatures of glasses: Here, 

two aspects should be considered: first, the stability of the liquid phase, and 

second, the resistance to crystallization of the glass that has formed. The γ 

parameter was the first to be proposed; subsequently, many other parameters 

have been suggested. All of these parameters involve different combinations 

of the glass transformation temperatures (as shown below), and the higher 

the parameter’s value, the higher the GFA of the alloy.  

- The γ Parameter: 
𝑇𝑥

𝑇𝑔 +𝑇𝑙
 

- The α: 
𝑇𝑋

𝑇𝑙
 

- The β Parameter: 1 +
𝑇𝑥

𝑇𝑙
= 1 + α 

- The δ Parameter: 
𝑇𝑥

𝑇𝑙 −𝑇𝑔
 

- The New β Parameter: 
𝑇𝑥∗ 𝑇𝑔

(𝑇𝑙+𝑇𝑥)2
 

- The ω Parameter: 
𝑇𝑔

𝑇𝑥 
− 

2𝑇𝑔

𝑇𝑔+𝑇𝑙
 

- The θ Parameter: 
𝑇𝑥+𝑇𝑔

𝑇𝑙
𝑥 [

(𝑇𝑥−𝑇𝑔)

𝑇𝑙
]

𝛼

 

- The ζ Parameter: 
𝑇𝑔

𝑇𝑙
+

∆𝑇𝑥

𝑇𝑥
 

 

Since all of these parameters consider the same two points: stability of the 

liquid phase and the resistance of the glassy phase to crystallization, it would be 

reasonable to expect similar results from them, but according to the literature [4], 

they are not. The majority of the parameters have relevance and validity only in 

some cases. One possible explanation for this is related to the chosen data 

submitted for analysis by the individual Suryanarayana et al. [4]. Besides, to use 

these parameters, the transformation temperatures of the glassy alloy, for 

example, Tg, Tx, Tℓ, are required. But these temperatures can be obtained only 

after the alloy has been solidified into the glassy state and submitted to thermal 

analyses. Then, only after producing the alloy is it possible to know about its GFA. 

In this respect, these parameters are similar to Rc to predict GFA. Because of 
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this, until today is very hard to predict a composition that will easily produce the 

glass, and therefore, many glasses are produced more or less by trial and error. 

It would be much more efficient if one could predict the GFA of an alloy without 

actually doing an experiment to produce the glass. Taking all said into account, 

considering the atomic sizes of the constituent elements and their chemical 

interaction seems to be the most beneficial approach in selecting good glass-

forming alloys. For this reason, in this work, a structural and topological 

parameter, known as an atomistic approach, was selected, and it will be 

explained in detail in the next section. 

2.1.1.1 Egami’s atomistic approach and the subsequent 

models 

 

Based on the Egami and Waseda criterion (briefly discussed before), Ueno 

and Waseda [11] developed the λ parameter in the case of multicomponent alloy 

systems. Subsequently, by extending to multicomponent alloy systems, the 

topological instability model of Egami and Waseda [12] was then introduced by 

Botta et al. [13] as a new “lambda (λ) criterion.” The new lambda (λ) criterion was 

used to predict glass formation by combining the average electronegativity 

difference with the topological instability criterion. The topological instability was 

calculated from the atomic radii (in simple solid solutions) or molar volumes of the 

compounds, according to: 

𝜆 ≅  Σ 𝑥𝑖 |
𝑉𝑚𝑖

𝑉𝑚𝑜
− 1| 

where: xi and Vmi are the molar fraction, and molar volume, respectively, of the 

solute element in the compound, and Vmo is the molar volume of the compound.  

The values of λ are calculated as a function of the composition for a given 

system. Large values of λ indicate a greater topological instability of the phase 

under consideration. Botta et al. [13] have also demonstrated a theoretical 

background and construction of a minimum topological instability λmin map. In this 

case, after calculating the λ value for all possible crystalline phases, for a given 

alloy composition, the minimum value of λ, i.e., λmin, is found. The calculation is 

repeated for n compositions of the same system. With all λmin values, a graph is 
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plotted (λmin values as a function of the compositions of the given system). The 

interpretation of the λmin graph is that the peaks in the λmin plot correspond to the 

compositions where the topological instability reaches a local maximum and, 

consequently, have a better GFA. However, de Oliveira [14] realized that even 

though λmin appears to be a good parameter to predict the GFA among the 

competing phases in a given phase diagram, it is not efficient for tracking the 

GFA, generally. Thus, to better predict the GFA of alloys, de Oliveira [15] 

proposed an electronic parameter, ∆h, defined as:  

∆ℎ =  (∆𝜙)2 − 𝑘(∆𝑛𝑤𝑠
1/3

)2 

Where ∆ϕ is the average difference of the work function, and ∆nws
1/3 is the 

average difference of the cube root of the electronic density among the alloy's 

constituent elements. And, combining into one equation, the ∆h parameter, that 

gives the general behavior of the GFA among the different alloy systems, with 

λmin, which is used to refine such behavior within the phase diagrams, de Oliveira 

[14] observed that the simplest combination of λmin+(∆h)1/2 was the best 

correlation with the critical cooling rates (Rc). Thus, the equation that relates the 

critical cooling rate, Rc, to the λmin+(∆h)1/2 parameter is given as: 

log 𝑅𝐶 = 8.21 − 14.06 (𝜆𝑚𝑖𝑛 + √∆ℎ) 

According to the author [14], such linear correlation fitted well for 68 alloys in 30 

different metallic systems, proving the criterion (λmin+(∆h)1/2) is much better to 

predict the Rc. Besides, he asserts that the proposed criterion is in good 

agreement with the well-known three empirical rules for glass formation proposed 

by Inoue and concludes that “the new proposed criterion is a fast and easy-to-

use tool for guiding the search for new glass-forming alloys, saving time and 

reducing the number of experimental trials.”  

As already said, none parameter or criterion is 100% reliable to predict the 

GFA of alloys; however, the criterion, proposed by de Oliveira [14], was chosen 

to be used in this work for the following reasons: 

1) It is a topological and atomistic approach, so it does not require Tg, Tx, 

Tℓ; 

2) It is in agreement with the well-known three empirical rules for glass 

formation proposed by Inoue;  
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3) It can be calculated using a computer software already available;  

4) It shows promising results for 30 different metallic systems (including 

Fe-based systems).  

 

2.2 Bulk metallic glasses (BMG) 
 

In 1974, Chen [16] reported the production of long glassy rods, 1-3 mm in 

diameter and several centimeters in length, by water quenching of ternary alloys 

of different compositions in the (Pd1−xMx)0.835Si0.165 (with M = Fe, Co, Ni, Cu, Ag, 

and Au), Pt–Ni–P, and Pd–Ni–P systems. It led to the development of today’s 

well-known Bulk Metallic Glasses (BMGs). Even though more recently 

researchers tend to consider 10 mm as the minimum diameter or section 

thickness at which a glass can be labeled as “bulk,” generally, metallic glasses 

with at least 1 mm (diameter or section thickness) are considered “bulk” [4].  

MG and BMG have attracted attention because of their excellent physical, 

chemical, and magnetic properties [17], [18]; their aperiodic structure provides 

not only unique properties [19] but also an isotropic nature of such properties [20]. 

Glassy alloys have an elastic limit of almost 2% (Figure 2.5) [21], which is far 

superior to conventional steel, Ti-based alloys, and silicate glasses. Some 

applications for glassy alloys materials have been outlined [4],[19] as 

micromotors and precision gears used for Micro Electro Mechanical Systems 

(MEMS), which can range from several millimeters to less than one micrometer; 

automobile valve springs; diaphragms for pressure sensors; applications to 

surface coatings; sporting goods like golf clubs, tennis racket, baseball, softball 

bats, skis, snowboards, and bicycle parts; and chemical applications as fuel cell 

systems. Besides that, metallic glasses can store a very high amount of elastic 

energy due to the high elastic strain limit and very high resilience.  
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Figure 2.5- Metallic glasses combine higher strength than crystalline alloys with 

the elasticity of polymers. Source: [21]. 

 
 

Concerning the mechanical properties, even though MG and BMG have a 

very high elastic energy absorption and ultra-high tensile strength (as shown in 

section 2.1), the plasticity at room temperature is usually poor [22]. Generally, 

they fail soon after yielding without showing any signs of a reasonable amount of 

plastic deformation [4]. It has been demonstrated that their plastic deformation 

follows a manner of localized flow in shear bands at room temperature [23], [24]. 

This process starts when the shear transformation zones (STZs) are activated 

[24],[25]. The regions with higher free volume content or more pronounced 

structural disorder are favored places to the STZs be originated [24], [25]. Authors 

[26],[27] claim that under loading, small clusters of atoms rearrange 

spontaneously and cooperatively and form a STZ. Besides, according to Greer 

et al. [24], heterogeneous sites are fertile places for shear transformation. With 

increasing load, existing STZs stimulate the activation of STZs in their vicinity, 

forming a shear band by percolating along the plane of maximum shear stress 

[27],[28],[29],[30]. When load achieves a critical value, the shear band 

propagation starts [24],[31],[32]. Thus, in the case of brittle metallic glasses, once 

shear bands nucleated, they can easily fracture, and the materials show poor 

plasticity with few shears band formation [33],[34]. As the shear bands are formed 

to accommodate strain, the space between these structures can provide 

information about the plasticity of the material [4],[20]. The shear offset in the 

band relaxes the strain in the vicinity of the shear band, and this determines the 
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shear band spacing [20]. The more shear bands are created, the closer they will 

be to each other and the higher the capacity for deformation of the material. 

Besides, the shear band spacing, which is a macroscopic event, can be 

correlated with the effective specimen size [20], as shown in Figure 2.6. From 

Figure 2.6, it is seen that the bigger the specimen size, the larger the space 

between the shear bands. As a result, more strain is localized, and the material 

catastrophically fails sooner. As reported by Sarac et al. [23], “the negligible 

plasticity in most metallic glasses has been an important barrier obstructing 

property optimization and their widespread use.” 

 

Figure 2.6- Average shear band spacings as a function of characteristic 

specimen size for a variety of metallic glasses (and some derivative composites) 

deformed in constrained modes of loading. Source: [20]. 

 

2.3 Bulk metallic glasses composites (BMGC) 
 

An alternative to delay the catastrophic failure of metallic glasses when 

submitted to stress, especially tensile stress, is by increasing the amount of shear 

bands formed in it. Based on this idea, researchers have been developing the 

Bulk Metallic Glass Composites (BMGCs) [35],[36],[37],[38], and obtaining 

enhanced plasticity over the monolithic materials. In BMGCs, a second 

(reinforcing) phase can act as a source and barrier for the shear bands [24], [39]. 

According to [24], the reinforcing phase favors the formation of new shear bands 

at less favorable sites; the multiple shear band formation will promote shear band 
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interactions [24], [40]. By this mechanism of interaction, the failure of BMGCs can 

be retarded, and the material will be able to get some amount of plastic 

deformation [40],[41],[42],[43].  

The second phase can be introduced in the glassy matrix via in situ or ex 

situ methods. For those in situ composites, the second phase precipitates out of 

the metallic glass matrix, either during processing or after heat treatment of the 

fully glassy alloy. Differently, when the second phase is added separately during 

the processing of the alloy, and stays “as is,” without much interaction with the 

matrix, an ex situ composite is obtained. When in situ BMGC is compared to the 

ex situ BMGC, the former generally presents a stronger interfacial bonding 

between the reinforcing phase and the glassy matrix, allowing an effective load 

transfer during deformation [24],[44]. Additionally, all characteristics related to the 

second phase have a strong influence on the properties of the BMGC produced 

[4],[37], for instance, atomic structure (crystalline, amorphous, or 

quasicrystalline), size (micrometer or nanometer [45], [46]), shape (spherical, 

dendritic, irregular, or elongated [45], [46]), volume fraction, and distribution in the 

matrix. Schematic illustrations of possible BMGCs’ microstructures are presented 

in Figure 2.7.  

 

 

  

Figure 2.7- Schematic microstructures of BMGCs showing the (a) spherical or 

(b) dendritic morphology of the crystalline second phase, and (c) quasicrystalline 

a) b) 

c) d) 
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or (d) amorphous precipitates within an amorphous matrix, which can have 

nanometer or micrometer size. Source: [37].  

 
 

Kühn et al. [38] have reported an in situ BMGC of the 

Zr66.4Nb6.4Cu10.5Ni8.7Al8 alloy, where a bcc phase is embedded in a glassy matrix. 

The bcc phase formed is controlled by the alloy composition and solidification 

cooling rates. In this case, the compression tests at room temperature revealed 

significant yielding and plastic deformation before failure [38]. Other researchers 

[36] have worked with the Zr-Ti-Cu-Ni-Be system and obtained a ductile 

crystalline Ti-Zr-Nb β phase, with bcc structure in a Zr-Ti-Nb-Cu-Ni-Be metallic 

glass matrix. Here, the samples were submitted to unconstrained mechanical 

loading, and they showed great development of shear bands, which increased 

their mechanical properties [36]. Fan & Inoue [47] showed that nanocrystals (~2 

nm) embedded in the amorphous matrix of the bulk Zr60Cu20Pd10Al10 alloy provide 

maximum plastic strain. However, they pointed out that the plastic strain 

increases by increasing the volume fraction of nanocrystals up to a maximum 

value in the early stage of the nanocrystallization [47]. Additionally, when 

Leonhard et al. [48] prepared amorphous Zr55Cu30Al10Ni5 and Zr57Cu20Al10Ni8Ti5 

and their micro and nano-composites, they observed that samples with micro-

crystals in the amorphous matrix exhibited lower ductility and the same yield 

strength compared to the fully amorphous samples. For the composites with 

nano-crystals, the ductility was maintained, and the yield strength was higher than 

the fully amorphous samples, but only when the volume fraction of nano-crystals 

was less than 40%; the nano-composites with more than 40% of the nano-

crystals presented brittle fracture and reduced fracture strength. Other studies 

[49] have reported BMGC of Cu46Zr41Al7Nb1Ta5 containing Ta-rich particles and 

the B2 phase, where the stress behavior of the B2 phase dominates the macro-

mechanical behavior rather than the shear-banding deformation. 

As mentioned before, the strengthening effect observed in the composites 

is associated with the characteristics of the reinforcement. Thus, using the simple 

rule of mixture (   Equation 2.3), it is possible to measure the yield strength of a 

composite: 
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                                         𝜎𝑐 = 𝑉𝑟  . 𝜎𝑟 + (1 − 𝑉𝑟). 𝜎𝑚                 Equation 2.3 

 

Where σc is the yield strength of the composite, Vr is the volume fraction of the 

reinforcement, σr, and σm are the yield strengths of the reinforcement and matrix, 

respectively. Hence, the presence of hard reinforcements increases the strength 

to higher values than the softer reinforcements, and the strength increases with 

increasing volume fraction of the reinforcement. Like monolithic alloys, a fracture 

strength increase of the BMGCs is also correlated with an increase in plastic 

strain to failure, and this increase in plasticity is associated with the multiplication 

of shear bands [4].   

The plasticity of BMGCs has been shown to improve significantly with the 

incorporation of in situ ductile dendritic phases [36], [50], [51]. Notably, some 

studies [52] have reported that transforming the dendritic phase into a more 

spherical morphology can lead to even greater enhancements in mechanical 

properties. According to [38], when brittle crystalline or quasicrystalline phases 

precipitate in BMGCs, the material does not exhibit yielding and strain hardening 

during room temperature deformation. In contrast, the in situ formation of ductile 

dendritic phases results in a marked improvement in deformation behavior 

compared to that of monolithic bulk metallic glasses [38].  

To produce BMGCs with a ductile phase precipitated in situ, the alloy 

composition should be designed so that the primary crystalline phase precipitates 

out during the solidification process, usually in the form of a dendritic structure 

and the remaining liquid solidifies into a glass. Like Zr- [50], Cu- [51], and La-

based BMGCs [53], the Fe-based BMGCs are prone to forming dendritic 

structures as their primary phase during the process of solidification [54], [55], 

[56], [57]. The Fe-based BMGs and their composites will be discussed in the 

following sections.   

 

2.4 Fe-based BMGs  
 

In 1995, Inoue et al. [58] synthesized, for the first time, a Fe-based BMG 
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with a diameter up to 1 mm by copper mold casting the Fe73Al5Ga2P11C5B4 alloy. 

Since then, Fe-based BMGs have been drawing the researchers’ attention due 

to the high fracture strength of 3000-4000 MPa and high elastic strain of ~0.02, 

which are significantly different from the conventional Fe-based crystalline alloys 

[59]. Additionally, Fe-based BMGs exhibit relatively low material costs, good 

magnetic properties with low coercivity, high effective permeability, and low core 

losses, as well as high yield strength, high hardness, high corrosion, and wear 

resistance that overcome those for conventional Fe-Si-B amorphous alloy [60], 

[61], [62].   

In contrast with BMGs based on precious metals, such as Zr and Pd, which 

present high GFA, Fe-based alloys have a poor GFA, especially the FeB- and 

FeP(C)-based  [60], [61]. To overcome the poor GFA, more elements have been 

introduced, and the majority of Fe-based BMGs have from 4 up to 9 elements in 

their chemical composition, for instance, Fe–Co–Mo–P–C–B–Si, Fe–Cr–Mo–P–

C–B–Si, Fe–Mo–Ga–P–C–B, Fe–(Cr, Mo)–Al–Ga–P–C–B, Fe–Mo–P–C–B–Si, 

Fe–Co–Ga–P–C–B–Si, and Fe–Ga–P–C–B–Si [63], [64], [65]. BMGs rods have 

been reported in the Fe–Ni–Mo–P–C–B [66] and Fe–Ga–P–C–B–Si [67] systems 

with 2.5 mm diameter and Fe–Mo–P–C–B–Si [63] and Fe–Co–Mo–P–C–B–Si 

[65] systems with 4 and 6 mm, respectively. Nevertheless, there are some Fe-

based systems with fewer than four (4) elements able to produce BMGs parts, 

such as Fe80P13C7 [68], Fe80P11C9 [69], and, Fe66Nb4B30 [70].  

As reported by [60], the chemical composition of Fe-based BMGs regularly 

has two different types of metalloid elements, consisting of Si and P group with 

larger atomic sizes and B and C group with smaller atomic sizes. The GFA of Fe-

based BMGs strongly depends on the concentration of these metalloid elements 

in the alloy. By the binary phase diagrams of Fe-C [71], Fe-B [72], and Fe-P [73], 

the eutectic point is near 17 at. %, which suggests good GFA around this 

composition. For Fe-based BMGs, the literature [74], [75] has agreed that the 

total concentration of metalloid additions is in the range of 17 at. % to 25 at.%.   

 

2.5 Fe-based BMGCs  
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Even though GFA is a challenge to develop Fe-based BMGs, the 

mentioned properties, alongside cost reduction, have been driving the studies 

and applications of this type of material. In this direction, some approaches have 

been proposed: 1- using industrial raw material to produce Fe-based BMGs, 2- 

producing Fe-based BMGs under uncontrolled atmosphere as low vacuum 

conditions or even in the air without any inert gas protection, 3- reducing the 

number of alloying elements, and 4- eliminating expensive elements. However, 

the drawback of being brittle at room temperature has severely limited the 

industrial application of these glassy steels [54]. With this regard, an important 

point that has been considered is to produce Fe-based BMGCs, [76], [77], [78], 

[79], [80], [81]. According to the literature, to obtain α-Fe plus amorphous phase 

composite, the alloys should be on the Fe-rich side of the eutectic, forming the α-

Fe as the primary phase [54], [82]. McHenry et al. [82] reported that by heating 

typical Fe-based MGs, crystallization occurs in a two-step process involving 

primary crystallization of the α-Fe phase, followed by secondary crystallization of 

a metalloid-enriched amorphous phase. As shown by [54], during the 

crystallization process of a Fe–(P,C)-based amorphous alloy, the primary bcc α-

Fe was formed in addition to the amorphous phases. This fact suggests that Fe-

based BMGCs, reinforced only with ductile dendritic α-Fe phase, could be 

achieved in the Fe–(P,C)-based system via composition design, and this would 

probably result in enhanced plasticity.  

Since Fe-based BMGCs are prone to forming dendritic structures as their 

primary phase during the solidification process, they may form BMGCs with good 

ductility. Because of this, researchers have studied the formation of in situ 

dendritic structures in Fe-based BMGCs, and the reported consequences of the 

dendritic phases are a significant enhancement on the plastic strain and high 

fracture strength [54], [55], [56], [57], worsening on corrosion resistance [83], [84], 

and better toughness [85], compared to its monolithic counterparts. One 

explanation is that the severe interaction between the ductile dendritic phase and 

the shear bands results in the generation of multiple shear bands and prevention 

of the rapid propagation of the main shear bands, improving plasticity  [54], [78]. 

However, other authors have reported improvement of properties of Fe-based 
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BMGCs by nano-crystallization of other phases, as better plasticity [86], [87], 

higher thermal conductivity [88], and better soft magnetic properties [87], [89]. 

Other nanocrystalline Fe-based materials designed as metal/amorphous 

nanocomposites, commercially known as FINEMETTM [90], HITPERM [91], 

NANOPERMTM [92] present excellent soft magnetic properties. Trying to explain 

the effectiveness of dendrite or other phases in the fracture toughness, 

researchers [85] have proposed that the intrinsic properties of the precipitate 

phase may play a more important role than the formation of the dendrite phase. 

   

2.6 Fe-Mo-P-C-B system 
 

When selecting a Fe-based glass-forming alloy, two key factors must be 

considered: GFA and ductility. Although GFA is often enhanced by 

multicomponent systems, some Fe-based glass-forming alloys with fewer than 

four elements—such as Fe80P13C7 [68], Fe66Nb4B30 [70], and Fe80P11C9 [69]—

have successfully produced bulk parts. While several theories offer guidance in 

identifying promising glass-forming alloys, the glass formation process remains 

inherently complex and difficult to predict, especially in systems with more than 

three elements, where the formation of competing crystalline phases is often hard 

to predict. Nevertheless, the adoption of systematic design approaches in the 

development of advanced steels, including amorphous steels, is increasingly 

important—helping to move beyond trial-and-error methods and reduce waste of 

time, energy, materials, and resources [93], [94]. 

In terms of enhancing the plastic deformation of Fe-based BMGs, the 

literature [95], [96] clearly indicates that, although most Fe-based BMGs exhibit 

brittle behavior, careful and systematic compositional design can lead to 

improved ductility. For instance, a BMG with the composition 

Fe74Mo4P10C7.5B2.5Si2 (at. %) achieved a compressive fracture strength of 3.2 

GPa and a plastic strain of up to 5.7% in 1 mm diameter rods [97]. In another 

study, a BMGC with the composition Fe77Mo5P9C7.5B1.5 (at. %) demonstrated 

exceptional performance, reaching a compressive plastic strain of 37.5% and a 

fracture strength of 3.0 GPa—substantially higher than that of the corresponding 
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monolithic BMGs (<5%) [54]. This level of superplasticity had not been previously 

reported and was attributed to compositional design; however, the design 

strategy was not clearly defined by the authors [54]. The scattered findings and 

absence of a systematic alloy design methodology in studies on Fe-Mo-P-C-B 

BMGs and BMGCs [54], [56], [84], [85], [98], [99], [100], [101] motivated the 

present work to focus on investigating this compositional system. 

According to the literature, when the main constituents of the MG are 

ferrous magnetic transition metals (Fe, Co, or Ni) and the metalloid glass formers 

are (B, Si, P), the alloys exhibit good soft magnetic properties [102]. Considering 

Mo as an alloying element on the Fe-based BMGs, it is important to point out that 

it is a transition metal with size and electronegativity higher when compared to 

Fe. Because of the difference in electronegativity, a low amount of Mo has to be 

added to the Fe master alloy to attain a higher GFA [100], [101]. Besides, 

depending on the main metalloid elements, Guo et al. [61] have classified Fe-

based BMGs into three groups: FeC(B)-, FeB-, and FeP(C)-based BMGs. Among 

these three, the FeP(C)-based type presents higher ductility and relatively poor 

GFA. However, low additions of B in the FeP(C)-based can increase the GFA. 

It has been reported that the Fe-Mo-P-C-B system exhibits improved GFA 

in the presence of certain impurities [103], suggesting the potential to produce 

Fe-Mo-P-C-B BMGs or BMGCs using commercial materials, as long as the 

composition is properly designed to favor glass formation, which make it a 

realistic candidate for applications. In this study, a composition design approach 

is employed to develop a Fe-based BMGC within the Fe-Mo-P-C-B system. This 

design is guided by the criterion proposed by de Oliveira [14], as detailed in 

Subsection 2.1.1.1. 

 

2.7 Additive manufacturing (AM) by Laser Powder Bed Fusion 
(LPBF) 

 

According to the ASTM F2792 [104], additive manufacturing (AM) is a 

technique described as the process able to build three-dimensional (3D) parts 

layer-by-layer, where each layer of the material is progressively added, being 
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guided by a digital 3D model. In contrast with subtractive technologies, the AM 

allows the production of complex or customized parts directly from the design, 

without the need for expensive tooling or structures such as punches, dies, or 

casting molds [105]. This unique feature eliminates geometric limitations present 

in conventional manufacturing processes. There are seven major categories of 

the additive manufacturing process: binder jetting, directed energy deposition 

(DED), material extrusion, material jetting, powder bed fusion (PBF), sheet 

lamination, and vat photopolymerization [104]. For each category, there are sub-

categorizations, and the PBF technique includes, for example, direct metal laser 

sintering (DMLS), electron beam melting (EBM), selective heat sintering (SHS), 

selective laser sintering (SLS), and Laser powder bed fusion (LPBF) [104]. The 

LPBF will be discussed further in this section since this method will be used to 

process the glass-forming Fe-Mo-P-C-B alloys. 

By LPBF, the parts are built using a laser energy source and a 3D-CAD 

computer model. During the processing, the powder layers are selectively melted, 

following the 3D CAD model, and once a layer is melted, the base plate goes 

down according to the selected layer thickness, a new powder layer is deposited 

by the recoater, and the process is repeated until the part is completely built. The 

processing takes place under an inert atmosphere (argon or nitrogen), and in the 

final step, the loose powder is removed, sieved, and reused, while the final parts 

are removed from the plate.  

As previously mentioned, the properties of materials are closely linked to 

their microstructures, which are, in turn, determined by the processing methods 

used. In AM technologies such as LPBF, a major challenge lies in accurately 

characterizing and predicting the properties of the fabricated parts based on the 

processing parameters [105]. This difficulty arises partly because much of the 

understanding developed from conventional manufacturing—particularly the 

processing-structure-property relationships—does not directly translate to AM. 

The extremely short interaction time between the laser and the powder leads to 

very high cooling rates in the molten pool, typically ranging from 103-106 K/s [106], 

[107], [108]. Due to the complexity of instrumenting the smallest molten volume 

(the melt pool), tracking microstructural evolution during melting, remelting, and 
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solidification remains a significant challenge [109]. 

According to the literature [110], many factors are important for the LPBF. 

They are based on machine specification (laser type, recoater type, substrate, 

and chamber size), process parameters (laser power, scanning speed, hatch 

spacing, focal offset distance or spot size, substrate temperature, building 

chamber atmosphere, scanning strategy, and building direction), materials 

feedstock (chemical composition, particle size and shape, thermal properties, 

flowability, and density). Some of the major LPBF parameters are illustrated in 

Figure 2.8, and they can be combined to quantify the energy input per unit 

volume during the process, which is often estimated using  Equation 2.4 [111]: 

                                              𝐸 =
𝑃

𝑡∗ℎ∗ 𝑣
                                      Equation 2.4 

where P is the laser power (watts), t is the layer thickness (mm), h is the hatching 

distance (mm), and v is the scanning speed (mm/s). These are the most important 

parameters that impact the quality of the parts, and during the process, they can 

be adjusted to obtain high-quality parts.  

 

 

Figure 2.8- Illustration of some parameters of the LPBF process. Source: [111]. 

 

In general, there is a relationship between energy input and the relative density 

of the parts; while low energy density leads to incomplete melt, resulting in fusion 

errors, excessively high energy promotes evaporation of the melt, and pores are 
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formed [112], [113]. Besides, the process parameters affect the volumetric energy 

input and the heat distribution, which directly affect the thermal history of the part 

additively manufactured. The thermal history strongly influences the 

microstructure; hence, the material properties are affected. During the 

parameter’s optimization, it is worth starting by selecting the layer thickness, 

which depends on the powder size, but it is generally in the range of 20-100 µm 

[110]. Afterward, the laser power and scanning speed should be adjusted by 

producing single tracks. The hatching or overlapping should be selected from the 

visual aspect and the width of the single tracks. Su and Yang [114] have reported 

that the overlapping rate is defined as the ratio of the length of the overlapping 

zone to the corresponding dimension of the molten pool, mathematically shown 

in  Equation 2.5.  

 

                                    𝑓𝑠 (%) =
∆𝑆

𝐷
 𝑥 100                                   Equation 2.5 

 

Where ∆S is the width of the overlapping zone (mm), and D is the width of the 

single track (mm). The overlap plays a crucial role in producing suitable bounding 

between tracks, and an inappropriate overlap can reduce the density of the parts. 

While low overlap implies low energy input, resulting in poor bonding and defects, 

too high overlaps cause excessive energy input with high heat accumulation, 

which can affect the residual stress, degrade the surface quality, and facilitate the 

formation of pores [115]. To predict the effect of an overlap zone on the residual 

stress induced by the island/chessboard scanning strategy, Chen et al. [116] 

developed a 3D finite element model, and they observed that the stress 

decreases first and then increases with the increase of the overlap rate. These 

authors recommended an overlap rate of 25%–50% for the generally utilized 

island size [116]. The laser scanning strategy is another process parameter that 

strongly influences the LPBF parts' porosity, pore distribution, microstructure, and 

properties [117]. Some of the major scanning strategies are presented in Figure 

2.9, and each one has been reported as having specific purposes. The 

chessboard/island (Figure 2.9 E), for instance, was developed by the Concept 

Laser company to alleviate the residual stress of the LPBF parts. However, it is 
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well-known that laser strategy changes the parts' microstructures, and for the 

chessboard strategy, the microstructure obtained is composed of elongated 

columnar grains in the center of each island, and refined misoriented grains 

between the islands, where a high concentration of cracks is present [118]. 

Differently, the remelting strategy (Figure 2.9 F) is appropriate to increase the 

relative density and improve the surface roughness [119], [120]. However, in this 

case, the thermal history of the part is completely modified, affecting its 

microstructure and properties. So, there is no perfect laser scanning strategy, as 

it is essential to adjust it to the needs of each alloy. Further, rotation to a certain 

degree between each melted layer is normally used to reduce the porosity and 

improve the defects’ distribution [121]. 

 

 

Figure 2.9- Some of the major scanning strategies employed in the LPBF 

process: A and B: unidirectional scanning with rotation between layers; C: 

unidirectional scanning without rotation; D: offset scanning; E: chessboard 

scanning; F: remelting strategy. Where: BD: building direction, VD: vertical 

direction, HD: horizontal direction. Source: [117]. 

 

Even though  Equation 2.4 valuably correlates the main parameters of the 

LPBF process, other factors, such as powder characteristics, should be 

appropriately specified for a better understanding of the process. The particle 
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shape and size distribution, for example, have a crucial influence on the 

flowability, thermal conductivity, and apparent density of the powders. Powders 

with high sphericity and normal and unimodal size distribution are, in general, 

successfully processed by PBF processes [122], [123]. While particles with 

irregular shapes can influence particle-particle friction and cause physical 

interlocking during flow, restricting the slippage, spherical shape increases the 

flow rate of the powders [124]. A symmetric normal size distribution indicates a 

good batch of powder particles for PBF processes, suggesting a good balance of 

big and small particles, which results in good powder apparent density [122], 

[123]. While big particles tend to segregate, small particles tend to agglomerate, 

and in both cases, the density and surface roughness of the LPBF parts will be 

compromised [125]. On the other hand, a suitable balance of big and small 

particles can produce high-quality parts since the small particles can fill the voids 

between the larger ones, producing dense and uniform powder layers during the 

processing. Besides, finer particles provide a larger surface area to absorb more 

laser energy, which, balanced with the big ones, improves the working 

temperature and thus the melting kinetics [126]. The gas entrapped in the powder 

particles, which is a pore formed inside the particle during the atomization, is also 

an important issue for the LPBF process. It contributes to the formation of fusion 

errors in the LPBF parts; as reported by Olakanmi et al. [127], the entrapped gas 

can escape when the laser is scanning, resulting in unstable scanning paths 

(cavities).  

Besides the process parameters and powders’ properties, Clare et al. 

[128] have reported the need for alloy design and adaptation for additive 

manufacturing in order to produce functional parts [128]. That is why, in the first 

part of this work, a systematic methodology was used to design the chemical 

composition of the Fe-Mo-P-C-B alloys. After being designed, the selected Fe-

Mo-P-C-B alloy was atomized in a gas atomizer available in the Materials 

Engineering Department at UFSCar.  

 

2.8 Glassy alloys and their composites by AM 
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Since high cooling rates are, in general, required for the metallic glass 

formation, BMGs and their composites had been vastly processed by copper-

mold suction casting (10-102 K/s) [129], gas atomization (103-105 K/s) [130], and 

melt spinning (104-106 K/s) [131]. However, these traditional manufacturing 

techniques have limits to the achieved cooling rates and size of the components 

due to the limited heat conduction in bulk. On the other side, the critical cooling 

rates required for the glassy phase formation are inherent features of the LPBF 

process, as already mentioned in section 2.7. The melt pool in LPBF is very 

small, and, as a result, the solidification can be achieved very rapidly, bypassing 

crystallization, and it is possible to obtain a glassy state directly from the metallic 

melt. At the same time, layer-upon-layer processing allows for producing 

components with complex geometries. Also, because of the thermal cycling in 

previous layers, crystals may form by devitrification (crystal formation upon 

heating of the glassy phase), which provides us with a clue about the use of LPBF 

to produce BMGCs. Since the maximum cooling rate achieved at the tip of a 

copper-mold cast wedge (~103 K/s) is only comparable to the lower end of the 

cooling rates typical in LPBF (103-106 K/s), it is crucial to select alloy compositions 

with the highest GFA. A higher GFA enhances the likelihood of forming an 

amorphous matrix during LPBF processing.  

In 2004, Fischer et al. [132] reported, for the first time, the processing of 

an amorphous Pt-Cu-Ni-P alloy by SLS, an AM technique [132]. Afterward, other 

AM technologies were used to process different glass-forming alloys [133], [134], 

[135], [136], [137]. However, due to the promising potential of the LPBF for 

processing MGs, Cu-based [138], [139], Zr-based [140], [141], [142], [143], Al-

based [144], [145] and Fe-based [146], [147], [148], [149], [150], [151], [152], 

[153] alloys have been investigated. From these works, the following conclusions 

can be highlighted:  

- Most of the alloys are partially crystallized, which represents the formation 

of BMGCs; 

- The crystals are formed especially in the heated affected zone (HAZ), the 

area surrounding the molten pool zone, which suggests crystallization due 

to the excess heat in the HAZ;  
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- Most of the alloys presented cracks, suggesting that not only by process 

parameters optimization, good components are obtained, but that initially, 

a chemical composition suitable for AM/LPBF, should be carefully 

selected; 

- Several authors reported that higher energy input leads to crystallization, 

but it improves the density of the parts; on the other hand, at low energy 

input, the content of the glassy phase is higher, but the powder particles 

are not completely melted; this suggested that after selecting a suitable 

chemical composition of the alloy, not only the appropriate energy input 

should be found, but all process parameters, should be systematically 

optimized;  

 

Some intrinsic characteristics of the MG alloys can contribute to the 

porosity of the parts fabricated by LPBF, such as the high liquid viscosity 

compared to crystalline metals. Additionally, the large thermal gradients inherent 

to the LPBF process promote uneven thermal expansion and contraction in the 

parts, resulting in cracks, mainly for those alloys with poor toughness, such as 

most of the MG alloys [143]. It is known that cracks can occur in any material as 

long as the applied stress exceeds the fracture strength of that material. As 

reported by Li et al. [154], the micro-cracks in Fe-based BMGs fabricated by LPBF 

result from the intense thermal stress concentration around the micro-pores [154]. 

Other researchers have shown that micro-cracks are mainly localized at the edge 

between the molten pool and HAZ [155]. These authors also used a finite element 

model (FEM) to estimate the thermal stress during the LPBF process, and as 

expected, they found the maximum thermal stress at the edge between the 

molten pool and HAF, which was about 1.5 GPa. However, this value (1.5 GPa) 

is far below the fracture strength of the Fe-based BMG, reported at around 3.5 

GPa [154]. These results suggest that, in theory, thermal stress is not able to 

develop micro-cracks by itself if there are no defects in the LPBFed BMG parts 

[155]. Besides, for LPBFed crystalline parts, heat treatment is a common 

postprocessing step to stress relief. Differently, stress relief by heat treatment of 

LPBFed BMGs or BMGCs parts has essentially two challenges: first, the 
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temperature should be lower than Tx to avoid crystallization events; and second, 

due to the low thermal conductivity of the metallic glasses, the temperature 

homogenization would be difficult, especially for large parts.  

Intending to achieve high density and amorphization of the LPBFed BMG 

and BMGC parts, researchers [144], [146], [156] have been working to resolve 

these two issues in situ. For the laser power is well-known that high laser power 

provides intense crystallization, while a glassy structure is maintained under 

lower laser power, obviously depending on the chemical homogenization of the 

molten pool, which, in turn, is a consequence of its thermal fluctuations [156]. 

Regarding scanning speed, crystallization is favored at low scanning speed, while 

with increasing the scan speed, the formation of non-stable phases with 

suppression of crystalline phases occurs. Besides laser power and scan speed, 

other process parameters modification, especially those related to scanning 

strategies, have been attempted. For instance, the re-scanning method was used 

by [144] on an Al-based BMG composite material. The first scanning had high 

energy input to attain high density, while the second scanning, with low energy, 

was used to relieve stress. The second scanning not only reduces the stress due 

to the lower temperature gradient, resulting from the lower heat input, but it is also 

able to increase the temperature above the supercooled liquid region, where the 

mobility of the atoms is elevated, and stress is reduced by viscous flow, and then 

rapidly cool the material to T < Tg. In this case, the Al85Ni5Y6Co2Fe2 BMGCs did 

not present new crystalline phase formation because of the second scanning, and 

a gear with dimensions of Ø 25 mm and 10 mm of height, free of cracks, was 

produced [144]. Żrodowski et al. [146] investigated the role of a pulse-random (P-

R) remelt strategy on the microstructure of Fe71Si10B11C6Cr2. By using the 

checkboard scanning strategy, they melted the first layer and, subsequently, 

remelted it, using the P-R scanning strategy, which employed random pulses, at 

least 1 mm apart, to melt the surface. The P-R remelted samples had higher 

relative density and were four times more amorphous than the samples melted 

only using the checkerboard melt strategy. Comparing the samples with and 

without remelting, the aspect ratio (deep/length of the molten pools) was 

noticeably different, and the authors explained it as a result of the transition 
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mechanism from conduction to keyhole melting mode. The difference in 

amorphicity was justified by the variation in laser exposure time. In such a case, 

after initial melting, the amorphous structure was restored by the P-R strategy, 

which also reduced stress accumulation enough to allow the production of a 

crack-free component [146].  

Considering the semi-elliptic shape of the molten pool, the literature has 

reported a temperature decreasing with the increase of the distance from the 

center of the molten pool [157]. Regarding the thermal history, it has been 

revealed, for Cu and Al alloys, that the cooling rate decreases from the central 

part of the melt pool towards its borders [158], [159], [160], [161]. The borders of 

the molten pools are the heat-affected zone (HAZ). During the LPBF processing 

of the BMGs and their composites, the additional heat from previous layers may 

induce structural relaxation or even crystallization in the already solidified glassy 

parts [142]. Thus, optimizing density, reducing thermal stress, and avoiding 

crystallization of MG alloys by LPBF is not trivial. Researchers have suggested 

that crystallization occurs during reheating [143], [138], and/or heat accumulation 

[162], which can strongly change the microstructures of the parts. Ouyang et al. 

[143] used a FEM model and indicated that the cooling rate in the melt pool, HAZ, 

and beyond the HAZ were all sufficient for amorphization of the Zr55Cu30Ni5Al10 

alloy, revealing that the reheating at the HAZ results in the formation of 

nanocrystals, justifying the usual composite structure of this area. However, it is 

essential to highlight that each alloy composition requires different cooling rates 

to form the glassy structure. Li et al. [141] have claimed that the partial 

crystallization events in Zr52.5Cu17.9Ni14.6Al10Ti5 LPBFed result from a nonuniform 

melt flow at high energy input densities. Thus, the crystals would be a result of 

the chemical heterogeneity of the supercooled liquid. However, Pauly et al. [140] 

have opposed this and suggested that these chemical heterogeneities might be 

a consequence of crystallization rather than their origin [140].  

The influence of the substrate temperature on the microstructure of the 

metallic glass-forming has also been explored. Li et al. [163] processed an Al-Ni-

Y-Co-La MG alloy by LPBF using Al-substrates at 25 and 250 ºC and they proved 

the effect of the substrate temperature on the microstructure of the parts. They 



33  

 

reported that, although with the substrate at 25 ºC, high cooling rates would be 

expected, due to the lack of bonding between the support and the substrate, the 

cooling rates were lower, allowing for crystallization. Differently, at 250 ºC, it was 

more effective to produce strong bonds between the support and the substrate, 

and larger melt volume, as a result, higher cooling rates, enough to form a glassy 

structure, were obtained [163].  

The main concern regarding crystallization in BMGs/BMGCs produced via 

LPBF is understanding the role of the crystalline phases on the mechanical 

properties of the final parts. Thus, one question that arises here is, could, by 

controlling the LPBF process parameters, the crystalline phases formed in 

BMGCs be controlled in size and distribution in such a way that the properties of 

the parts can be improved? 

 

2.9 Main issues of producing MG alloys by LPBF 
 

2.9.1 Powder feedstock characteristics  
 

As well as most additive manufacturing techniques, the powder feedstock 

for LPBF is mainly fabricated by gas atomization (GA). The powders obtained by 

GA have typically smooth surfaces, suitable size distribution, and a pretty 

spherical shape, which are all requirements for the LPBF process. However, 

some undesirable features as satellite particles and entrapped gas, can also be 

present in the GA powders, and, depending on their concentration, they may be 

considered defects for the LPBF. According to the literature, the morphology of 

MG powders can range from spherical [144], [145], [148], [149], [164],[165], to 

the elongated shape [148], [163], [164], although the morphology is related to the 

chemical composition, which leads to the melt viscosity [166]. As well reported 

[167], the melt of MG alloys has a high viscosity, which avoids atomic 

rearrangement and crystalline phase formation. Non-spherical particles can 

reduce the powders’ packing, thermal conduction, and uniformity of the deposited 

layer and, as a result, decrease the density of the LPBFed parts. In addition, 

owing to the high viscosity of the MG alloys’ melt, gas entrapping is highly likely 

to be formed during the atomization. Malachowska et al. [168] have reported the 
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difficulty in eliminating the powder porosity in the case of Fe-based MGs during 

GA. They explained that the entrapped gas formation is related to the gas’s 

kinetic energy during the atomization and the viscosity of the melt [168]. The main 

consequences of the entrapped gas can be related to defects as pores and 

cracks, in LPBFed parts MGs [143], [149], [169].  

The particle size distribution is crucial in MG powders because the cooling 

rates are directly related to particle size, so, according to the size, the powder 

can present a microstructure fully amorphous, partially crystalline, or fully 

crystalline. Higher amorphous phase content is expected in powders with smaller 

sizes once small particles achieve high cooling rates. During the LPBF melting 

process, big particles can have difficulties in being completely melted, especially 

because of their reduced surface area, which results in lower laser absorption 

[170], [171]. The fast laser scanning mainly heats the particle surface, and the 

core should be melted by thermal diffusion [170], [172]. Thus, depending on the 

process parameters, the big particles might be partially melted, affecting the 

uniformity of the amorphous/crystalline phase distribution and the final quality of 

the parts [143], [173]. For instance, Zhang et al. [173] investigated the influence 

of the particles size of the Zr55Cu30Al10Ni5 alloy in laser-melted layers. They 

reported that using the same process parameters, the amorphous content was 

90.8 %, 78.7 %, and 75.1 % for the 53-75 μm, 75-106 μm, and 106-150 μm 

powder distributions, respectively. They proposed that using powders size of 53-

75 μm, the formed melt pools achieved higher maximum temperature compared 

to the molten pools formed with 75-106 μm or 106-150 μm sized powder. The 

high temperature of the melt helps pre-existing crystals and quenched-in nuclei 

to dissolve, so crystallization is decreased. For the 106-150 μm powders, the 

thermal conduction and laser absorptivity are lower, as a consequence, pre-

existing crystals, nuclei, and atomic clusters inherit from the powder act as crystal 

nucleation sites during reheating cycles, causing an increase in the crystals 

content [173]. Balla et al. [174] also processed Fe-Cr-Mo-W-Mn-C-Si-B fine and 

coarse powders and observed that the incomplete melting of the coarse powder 

during laser deposition impaired the formation of a fully amorphous structure. Guo 

et al. [171] showed a reduced volume of the melt when larger Nb52Si20Ti24Cr2Al2 
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particles were processed. They claim the discontinues in the laser melt track with 

the thickness of 200 µm were caused by an inadequate energy absorption in large 

size particles.  

So far, it seems that small particles are more promising for MG powder 

feedstocks to LPBF. However, it is essential to mention that small particles have 

a high surface area, which increases their reactivity. This can cause undesirable 

consequences in the powders, for example, increasing the oxygen content 

absorbed in the particle surface and other contaminants. Such contaminants can 

decrease the GFA of the alloys and favor the crystallization once they can act as 

heterogeneous nucleation sites [175]. Zhang et al. have proposed the oxygen 

content as the cause of crystallization in Zr65-xCu27.5Al7.5Ox [176]. Others have 

claimed that crystallization in HAZ can be reduced by reducing the oxygen 

content in the virgin powder [173], [177]. Interestingly, Li et al. [178] showed that 

a critical level of oxygen is effective in enhancing the GFA of a Fe-based BMG. 

As well as pre-existing nuclei, the oxides can be dissolved by increasing the 

superheating of the melt; however, excessive superheat can facilitate oxygen 

absorption due to the increased chemical reactivity of the melt, resulting in oxide-

induced crystallization [141]. Other contaminants as Cu, Ni, and Ti have been 

reported as the apparent cause of crystallization in a laser-melted 

Fe74Mo4P10C7.5B2.5Si2 alloy [149]. Nonetheless, it has been reported that even at 

considerable oxygen content, the high cooling rates achieved by the laser are 

enough to avoid crystallization for some alloys as those of the Zr-Cu-Al-Nb 

system [136] and Ti47Cu38Zr7.5Fe2.5Sn2Si1Ag2 [179]. 

 

2.9.2 Chemical segregation and devitrification in the molten 
pool 

 

The fast and energetic interaction between the laser and the melted 

material can cause chemical segregation in the molten pools. For MG alloys, 

elemental segregation can induce crystallization, even when the cooling rates are 

higher than the critical cooling rates [141], [145]. According to the literature, the 

melt can flow by two mechanisms, liquid oscillation and thermo-capillary waves, 

which then drive the distribution of the elements inside the melt pool [145], [108]. 
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Li et al. have observed a homogeneous elemental distribution when the laser 

energy density decreased for the Zr52.5Cu17.9Ni14.6Al10Ti5 [141] and 

Ti47Cu38Zr7.5Fe2.5Sn2Si1Ag2 alloys [179]. The researchers [141] found that 

scanning each melted layer multiple times results in the most homogeneous and 

amorphous microstructure.  

Nevertheless, while re-scanning can improve the homogeneity of the 

molten pools from a certain number of re-scans, the devitrification phenomenon 

can occur, especially in the HAZ, as already mentioned. Researchers have 

explained the devitrification due to the structural relaxation of the HAZ, which 

creates nuclei and/or small crystals, typically nano-sized and well-rounded. 

Ouyang et al. [142] investigated the melt pool of LPBF-fabricated Zr55Cu30Ni5Al10 

and, by diffraction rings, they proved the HAZ relaxation. Additionally, it is 

expected that the size of the crystals and the content of crystallization in the HAZ 

are dependent on the processing parameters. It has been reported that at higher 

energy densities, the cooling rates are enough for vitrification, however, the time-

at-temperature and size of the HAZ are both increased, allowing, as a 

consequence, nucleation increase and crystals growth [138], [180]. 

 

2.10 Fe-based MG alloys by AM/LPBF 
 

In 2013, Pauly et al. [149] reported, for the first time, a Fe-based BMG 

additively manufactured by the LPBF technique. Since then, Fe-based BMGs and 

BMGCs have been vastly explored by AM, and especially through LPBF. One 

can explain this due to their low-cost material, higher strength, hardness, and 

excellent soft magnetic properties among all BMGs. For instance, compared to 

the super-high-strength steels, the Fe-based BMGs present strength and 

hardness 3-4 times higher [181].   

According to Zhang et al. [182], the cooling rates achieved in Fe-based 

glassy alloys during the LPBF process are enough to bypass crystallization. 

Similar to the other BMGs and their composites, the main challenges of Fe-based 

MG alloys by LPBF are those related to densification and crystallization control. 

However, as have reported by [147], [151], [183], stress-induced cracking has 
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been a common struggle during parameter development of brittle Fe-based MGs. 

Many studies have been done with different Fe-based systems being processed 

by LPBF, and some of the main results are going to be mentioned following. 

Szczepanski et al. [184] obtained a composite structure when LPBFed the 

Fe79Zr6Si14Cu1 with low glass-forming ability. While in the HAZ a solid solution of 

α-Fe(Si) and a low fraction of intermetallic Fe23Zr6 and FeZr2 phases were 

present, in the center of the molten pool, a nanometric α-Fe(Si) phase and an 

amorphous matrix were observed. Jung et al. [148] investigated the influence of 

the LPBF process's laser power and scanning speed on the 

Fe68.3C6.9Si2.5B6.7P8.7Cr2.3Mo2.5Al2.1 alloy. Their results showed that within the 

range of study, low scan speed (<2500 mm/s) and high laser power (>300 W) 

produce fully glassy samples with high relative density (>99%). However, all 

LPBFed samples contained micro-pores and cracks, which requires further tuning 

of the chemical composition or the processing parameters [148]. Liang et al. [185] 

fabricated LPBFed porous parts of the Fe70Cr5Ni3Mo3W9Si5B5 alloy and observed 

that the composite nature of the powder was maintained in the LPBFed samples. 

The identified crystalline phases were α-Fe and Fe2B, and the volume fraction of 

the glassy or crystalline phases varied according to the laser power and scanning 

speed [185]. Other [152] have reported a LPBFed record-large Fe55Cr25Mo16B2C2 

BMG (Ø 45mm x 20 mm), fully amorphous, with the relative density of ~99.0%, 

nano hardness of 14 GPa, and high yield strength (~4500 MPa). The literature 

has reported that when Fe-based BMG and their composites are processed by 

LPBF, a reasonable energy input density is in the range of 30-100 J/mm3 

[185],[186],[187],[188]. Further, as proposed by [182], a multiplicity of phases and 

microstructures can be produced during printing, even when using a single 

chemical composition. By carefully controlling the processing of a fully 

amorphous powder feedstock, LPBF-fabricated components can result from fully 

glassy structures to dendrite-reinforced metallic matrix composites, or even fully 

crystalline materials [182]. 

From a traditional point of view, any alloy composition could form a glassy 

structure when the applied cooling rate is high enough to that composition [189], 

[190]. However, the glass structure formation is the result of the suppression of 
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the nucleation and growth of crystalline phases [190], [191]. Thus, the fabrication 

of BMGCs needs a favorable combination of chemical composition and 

processing conditions [192].  
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3 MATERIALS AND METHODS 
 

This work was developed in different steps: First, the alloy composition 

was designed, fabricated, and atomized. The resulting powders were then 

characterized, followed by the fabrication of LPBF samples, which were 

thoroughly analyzed in terms of microstructure, mechanical properties, and wear 

behavior. The research was conducted in part at the Department of Materials 

Engineering (DEMa) at the Federal University of São Carlos (Brazil) and in part 

at the Erich Schmid Institute of Materials Science (ESI) at the University of 

Leoben (Austria). The flowcharts in Figure 3.1 outline the key questions 

addressed and the methods applied at each stage of the work.  
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Figure 3.1- Flowchart of the experimental procedure developed in this study. 
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3.1. Materials  
  

The materials used in this work were all commercial (Figure 3.2): 1004 

steel, ferroalloys (Fe-60Mo wt%; Fe-25P wt%; Fe-16B wt%), and high-density 

carbon. The chemical compositions reported in the quality certificate are in Table 

3.1.  

 

 

 

             

   

Figure 3.2- Commercial materials used to produce the Fe-Mo-P-C-B alloys. 

 

 

Table 3.1- Chemical composition (weight %) of the used materials. 

Element 1004 steel Fe-60Mo Fe-25P Fe-16B 

Fe 99.96 40.00 74.00 84.00 

Mo - 60.00 - - 

C 0.04 - - - 

P - - 26.00 - 

B - - - 16.00 

 

Commercial Fe-Mo Commercial Fe-P 

Commercial 1004 steel 
High-density  
carbon 

Commercial Fe-B 
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3.2.  Methods 
 

3.2.1. Design of the Fe-Mo-P-C-B alloys 
 

3.2.1.1 Glass forming ability (GFA) investigation  

 

As the aim of this work was to produce Fe-based glassy alloys using 

commercial raw materials under low vacuum conditions, the first step was to find 

a Fe-based system where the presence of some foreign elements does not 

significantly hinder the glass formation. From the literature [193], molybdenum 

(Mo) was spotted as a promising alloying element for the Fe-(Si, P, C, B)-based 

metallic glasses. However, Guo et a. [54] have reported that in Fe–(B, Si)-based 

alloy systems, brittle Fe–B metastable phases such as Fe23B6 are usually formed 

instead of precipitation of the equilibrium body-centered cubic (bcc) α-Fe phase 

during the complicated crystallization processes. On the other hand, they 

highlighted that for Fe–(P, C)-based glassy alloys, the formation of the (bcc) α-

Fe phase as the primary phase seems to be relatively simple [54]. Additionally, 

works have suggested the Fe-Mo-P-C-B as a system where the glass-forming 

ability (GFA) is enhanced when some foreign elements are present in the alloy 

[103]. Further, the authors [54] have shown unprecedented plasticity (>30%) for 

a Fe-Mo-P-C-B BMG composite. Taking all into consideration, the system (Fe-

Mo-P-C-B) was selected to be studied in this work. According to the literature 

[74], [75], for Fe-based BMGs, the promising range of metalloid additions is 17 to 

25 at. %.. To investigate the glass-forming ability (GFA) of this system, the 

criterion proposed by de Oliveira [14], already explained in section 2.1.1 

(subsection 2.1.1.1), was chosen. The data used to feed the GFA software was 

collected from the available literature, considering all binary (Fe-Mo, Fe-P, Fe-C, 

Fe-B, Mo-P, Mo-C, Mo-B, P-C, C-B, and P-B), ternary (Fe-Mo-P, Fe-Mo-C, Fe-

Mo-B, Mo-P-C, Mo-P-B, Mo-C-B, P-C-B, P-B-Fe, P-C-Fe, and C-B-Fe), 

quaternary (Fe-Mo-P-C, Fe-Mo-P-B, Fe-P-C-B, Fe-Mo-C-B, and Mo-P-C-B), and 

quinary (Fe-Mo-P-C-B) systems. Only those phases formed above 380 °C for the 

binary, ternary, quaternary, and quinary systems were considered in the 

calculations because the glass transition temperatures in this system are usually 
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higher than this temperature. By the data survey, the following phases were found 

as possible competitors of the glassy phase:  

- Without solid solubility: Fe3P1, Fe2P1 (metastable), Fe1P1 (metastable), 

Fe1P2, Fe1P4, Fe3C1, Fe2C1, Fe23C6, Fe2B, Fe3B (metastable), Mo2C, 

Fe2Mo6, Fe7Mo6, Fe6C, Mo6C, Fe3B, Mo3C, Mo3B, MoC, MoB, FeC, FeB, 

Fe2Mo3. 

- With solid solubility:  

- Austenite: Fe-Mo (0-1.7 Mo at%); Fe-C (0-9.0 C at%), Fe-P (0-1.7 P at%). 

- Ferrite: Fe-Mo (0-24.42 Mo at%); Fe-C (0-0.0853 C at%), Fe-P (0-5.0 P 

at%). 

All phases were converted into their stoichiometric chemical unit formula, 

only considering the integer numbers, since the GFA software does not accept 

fractional numbers in the formula. Files of competing phases were created 

according to the requirements of the GFA software. For each simulation, all 

competing phases (with and without solid solubility, stable and metastable) were 

considered, as this is the stricter scenario for the glassy phase formation. 

This work aimed to produce a Fe-rich glassy alloy and, by the variation in 

the Mo content, to investigate which metalloid (ML) isopleth (FeX-MoY-ML17-25 

(%at.), where ML= P+C+B) is more promising for the GFA of the system. To 

select the range of composition to study, some considerations relating to alloy 

production and theories of metallic glasses were proposed:  

1- High content of B (>3 at. %) is good for glassy phase formation, but 

increases the tendency of the LPBF parts to crack; Precisely controlling 

the B content in the alloy is challenging for two main reasons: first, due 

to the low density of the Fe-B, they tend to float to the surface during 

ingot production; second, B tends to evaporate during the melting 

process; 

2- P element also evaporates; however, the behavior of this evaporation 

was already understood by the experiments on the arc melt furnace 

(shown in results section); additionally, P has a lower rate (~2% wt.) of 

evaporation in the Vacuum Induction Melting (VIM) furnace;  

3- When comparing the binary diagrams of Fe-P (TL=1048°C), Fe-C 
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(TL=1148°C), and Fe-B (TL=1177°C), the Fe-P presents the lowest 

temperature for the eutectic point, which indicates lower TL for the 

alloys with higher content of P;  

4- According to the literature [61], in Fe-based BMGs, the electronic 

density of states in Fe3M (M=C, B, P) binary alloys demonstrates an 

increasing metallicity from C through B to P; The increasing metallicity 

weakens the metal-metalloid connections, lowers the shear modulus, 

and elevates the Poisson’s ratio, which are both desired in this work;  

5- Increasing the P content within the metalloid content range of 17 – 25 

at. %, the highest content of P achieved is 16 at. %, which is pretty 

close to the Fe-P eutectic composition (17 at. % P);  

 

From all considerations, the selected content of metalloid elements to be 

investigated in this work was as follows:  

 

Table 3.2- Content of metalloid elements varied in the simulations. 

Total metalloid 

content (at. %) 

P (at. %) C (at. %) B (at. %) 

17 - 25 8 - 16 7.5 1.5 

 

3.2.1.2 Liquidus temperature and primary phase 

investigation 

 

From the previous GFA investigations, with the details provided in the 

results section, the metalloid isopleth of 18 at. % was selected to be further 

studied, which is the FexMoyP9.0C7.5B1.5 alloy. The content of Mo was varied from 

0 to 6 at. %. The phase diagram and path of solidification for the 

FexMoyP9.0C7.5B1.5 alloy were built to understand the behavior of its liquidus 

temperature (TL) and primary phase formation as a function of Mo content. All 

calculations were executed using the CALPHAD (CALculation of PHAse 

Diagram) method through the PandatTM software [194]. Pandat’s thermodynamic 

database for multi-component Fe-rich alloys has the composition range of 

elements in wt.% of Fe: 50-100; Mo: 0-10; P: 0.-0.1; C: 0-5, B: 0-5 and the binaries 
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(Fe-Mo, Fe-P, Fe-C, Fe-B, Mo-P, Mo-C, Mo-B, P-C, C-B, P-B) described in [195]. 

All calculations were carried out using the alloys’ chemical composition in atomic 

percentage (% at.), with the details provided in the results section. The path of 

solidification was calculated under equilibrium conditions instead of using the 

Scheil model. It is clear that both conditions are far from the real solidification 

condition studied in this work; however, the solidification results under equilibrium 

conditions can be compared with those from the experimental “equilibrium 

solidification” (ingot). On the other hand, the Scheil model assumes perfect 

mixing in the liquid and no back solute diffusion in the solid [196], and no 

experimental results obtained in this work would be similar to this case.  

 

3.2.1.3 Quantitative chemical analyses of the raw material 

 

Before starting the experimental tests, the chemical composition of each 

material was measured except for the high-density carbon. The 1004 steel was 

analyzed by spark optical emission spectrometry (S-OES) using a method called 

Fe-10-F. The carbon content in the 1004 steel was measured through LECO 

combustion analysis (CS844). The ferroalloys Fe-Mo, Fe-B and Fe-P were 

analyzed using an Inductively Coupled Plasma Optical Emission Spectrometry 

(ICP-OES) instrument (Thermo, Model iCAP 7000). The sample decomposition 

consisted of weighing 100 mg of sample in triplicate and adding 8.0 mL of 

HNO3:HCl (1:3 ratio v v-1) to the samples. The analytical blank was prepared 

using the same procedure without the sample. The samples remained under the 

action of the acid mixture for 30 min, and immediately afterward, they were kept 

heating at 100 °C in a closed block digestor for 3 h. After cooling down to room 

temperature, the samples were transferred to polypropylene tubes and made up 

to 50 mL with deionized water. To precisely determine the phosphorus content, 

the Ultraviolet-Visible Spectroscopy (UV-Vis) technique was applied using a 

Varian instrument, Model: Cary 50 Conc. Here, the sample preparation was the 

same used for ICP-OES analyses. The chemical compositions of the raw 

materials are in Table 3.3. 
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Table 3.3- Measured chemical composition (weight %) of the used raw 

materials. 

Element 1004 steel Fe-60Mo Fe-25P Fe-16B 

Fe 99.35 37.39 71.90 82.49 

Mo 0.001 60.36  - - 

Co 0.006 - - - 

Cu 0.0043 0.85 - - 

C 0.0467 - - - 

S 0.017 0.12 - - 

Mn 0.374 - 0.21 - 

P 0.024 0.07 26.16 0.034 

Si 0.085 1.21 0.48 0.57 

Ti - - 0.122 - 

Cr 0.009 - 0.330 - 

V - - 0.179 - 

Al 0.006 - 0.045 0.044 

B 0.002 - - 16.27 

 

 

3.2.1.4 Alloys preparation by arc melting 

 

The six alloys selected from the theoretical studies were produced by arc 

melting using Edmund Bühler GmbH MAM 1 Arc melter. Before melting, the 1004 

steel pieces were etched with concentrated HNO3 for 5 min.  

As an inhomogeneity of the element phosphorus in the ferroalloy Fe-25P 

(wt%) was detected, a specific procedure was used to prepare the load of the 

alloys. To ensure the chemical homogeneity of the phosphorus in the alloys, at 

first, 500 grams of the ferroalloy Fe-25P (wt%) were smashed (Figure 3.3a)), 

mixed, and randomized by quartering (Figure 3.3b)). Thus, a sample was taken 

to be analyzed by ICP-OES and UV-Vis, following the procedures mentioned in 

section 3.2.1.3. The Fe-P powder was compacted, using a cold-press machine 

(Figure 3.3c)), in a cylindrical shape (Figure 3.3d)) with a varied mass of 4, 3, 

and 2 grams (Figure 3.3e)), and pressures of 15 MPa, 13 MPa, and 10 MPa were 

used for each mass, respectively. It was used an organic oleic acid (C18H34O2) 

as lubricant for the mould. The first arc melt experiments were executed to 
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understand the P evaporation. Here, an evaporation amount of 33.5% at. was 

observed. Because of this, all loads have considered this evaporation. 

 

 

 

 
a) 

   
b) c) d) 

 
e) 

Figure 3.3- Procedure utilized to prepare the ferroalloy Fe-P before being 

submitted to arc melting. a) Fe-P as received and after smashed; b) quartering; 

c) cold press machine; d) cylinder in the mold after being compacted; e) final 

compacted cylinders.   

 

 

A load of each alloy was prepared as shown in  Figure 3.4a). A button-like 
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ingot (20g) was produced for each alloy (Figure 3.4b)) and remelted five to eight 

times until they were visually homogeneous. Subsequently, a piece of ~5 grams 

of each button-like ingot was used to produce a wedge-shaped (Figure 3.4c)) 

sample by suction casting in a water-cooled copper mould. For the most 

promising alloys, a casted rod-shaped sample (Ø=2 mm x 30 mm) was also 

produced.  

 

 

 
  

a) b) c) 

Figure 3.4- a) Load of each Fe-Mo-P-C-B alloy, b) ingot produced by arc melting, 

and c) geometry of the cast samples. 

 

 

3.2.1.5 Characterization of the arc-melted samples  

 

The ingots’ microstructure of each alloy was first analyzed by Optical 

Microscopy (OM), Olympus microscope (BX41M-LED), and Scanning Electron 

Microscopy (SEM-FEI QUANTA 400 model). To measure the chemical 

composition of the ingots, chemical microanalyses were performed by an energy-

dispersive spectrometer (EDS Oxford Instruments, INCAx-sight model) attached 

to the SEM. By X-ray diffraction (XRD), using a diffractometer Siemens Model 

D5005 with Cu-Kα radiation with a range of 20-100° and a step size of 2 º/min, 

the phase formation was also analyzed.  

The wedge-shaped samples were cut at the center of the longitudinal 

section in three areas (A1, A2, and A3) in the transversal section, from the 
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thinnest to the thickest area (see Figure 3.4c)). Then, half of the wedges were 

embedded and prepared by grinding and polishing, and the other half was used 

for DSC analyses as described below. To identify the most promising alloy 

composition to be processed by LPBF, the toughness of the alloys was used as 

a guideline. Therefore, the toughness of the alloys was investigated, taking into 

consideration the two conditions (shear modulus (G) < 60 MPa and Tg < 440 °C), 

as suggested by Demetriou and Johnson[197]. They assessed that Fe-based P-

containing BMGs with these two conditions satisfied are tough. Thus, while Tg of 

the wedges was measured by Differential Scanning Calorimetry (DSC) using a 

Netzsch DSC 404 calorimeter with the rate of 40 K/min and a protective 

atmosphere of argon, the G was estimated using               Equation 3.1 [198] 

and Vickers microhardness (Hv) measurements. These measurements were 

carried out on the whole section of the wedges using an FM-800 (Future-Tech). 

The G was estimated using the microhardness of the thinnest area of the wedge 

(A1). All indents were made at room temperature with a load of 500 gf and a 

loading time of 10 seconds. 

 

                                                𝐺 =  
𝐻𝑉

0.151
                                 Equation 3.1 

Additionally, OM and SEM/EDS images were taken from the cross section 

of the whole area of the wedges using the same devices described above for the 

ingots’ examination. To follow the crystallization process of the V5 and V6 alloys, 

the A3 area of each wedge was submitted to controlled annealing treatment using 

the same DSC device used to measure Tg of the wedges. After each annealing 

step, the same sample was investigated by XRD using a Bruker D2 Phaser (MA, 

USA), Tabletop XRD system with Co-anode and energy dispersive 1-D detector 

system LYNXEYE and autosampler, with Co-Kα radiation (λ=1.79026 Å) and Fe 

as the Kβ filter. Diffraction patterns were recorded between 2θ = 20° and 120° 

with a step size of 0.02°.  

The specimens for the compression test were cut from V5 and V6 casted 

rods, and each end was polished parallel to each other. The mechanical behavior 

of 5 cast samples with a diameter of 2.0 mm and an aspect ratio of 2:1 was 

examined under uniaxial compression using an Instron testing machine at room 
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temperature with a strain rate of 1x10-4 s -1. The tests were carried out in a 

constant-crosshead-displacement-rate controlled manner. The fracture surface 

morphology results were examined by scanning electron microscopy (SEM). 

 

3.2.2. Ribbons produced by melt spinning  
 

The alloys selected to be gas atomized were also processed by melting 

spinning in order to obtain a reference for the glassy phase amount. The ingots 

produced in the arc-melt furnace were used to be rapidly solidified using an 

Edmund Buhler model D-7400 vacuum melt spinner. 5 g of the alloy was remelted 

under an argon atmosphere in a quartz crucible whose bottom was in the form 

circle (Ø=1mm) and ejected onto a rotating Cu wheel (200 mm diameter) with 70 

Hz of frequency. The Nozzle-wheel gap was ~2 mm, ejection pressure P=200 

Mbar, and 100°C of superheating was used. The as-melt-spun ribbons have been 

characterized by XRD and DCS using the same devices and parameters used 

for the wedge samples. Flash DSC measurements were also carried out using 

ultra-fast calorimeter Mettler Toledo (Ohio, US) FLASH DSC 2+, with an 

intracooler TC100-MT from Huber Kältemaschinenbau AG (Germany). The 

sensor chips were high-temperature chips UFH 1, for temperatures up to 1273 K 

from Mettler Toledo. Vickers hardness was measured using a Shimadzu HMV-

G20ST with a load of 0.025 kg and an indentation time of 15 s, at 10 random 

positions.  

 

3.2.3. Alloy preparation by VIM and powder fabrication 
 

Firstly, ingots of the designed Fe-Mo-P-C-B alloys (Fe79Mo3P9C7.5B1.5   

Fe77Mo5P9C7.5B1.5 (%at.)) were prepared in a Vacuum Induction Melting (VIM) 

furnace (Figure 3.5a)) and solidified in a graphite mold. The as-cast ingots were 

chemically analyzed by EDS, ICP-OES, and LECO. The ingots' microstructure 

was investigated using a FEI Scanning Electron Microscopy (SEM) FEI QUANTA 

400 model and chemical microanalyses were performed by an energy-dispersive 

spectrometer (EDS Oxford Instruments, INCAx-sight model) attached to the 

SEM. Ingots’ samples were etched with aqua regia and observed by an Optical 
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Microscopy (OM) Olympus microscope (BX41M-LED). The nature of the phases 

presented in the ingots’ samples was investigated by X-ray diffraction (XRD), 

using a diffractometer Siemens Model D5005 with Cu-Kα radiation with a range 

of 20-100° and a step size of 2 º/min. Subsequently, the ingots were atomized 

(Figure 3.5b)) in a gas atomizer (PSI Hermiga 75/5VI) using argon as atomization 

gas with 40 bar of pressure and a gas-to-melt mass flow ratio (GMR) of about 3. 

The powders produced were sieved and physically (particle size distribution, 

morphology, density) and microstructurally (phase formation and coarsening of 

the microstructure) characterized before being processed by LPBF.  

 

  
a) b) 

Figure 3.5- Image of a) As-casted VIM ingots and b) As-gas-atomized powder. 

 

3.2.3.1 Powders separation and characterization  

 

The total amount of powder produced for each alloy was classified by 

sieving in the range of +20 µm – -75 µm. In order to characterize the range of 

interest (+20 µm – -75 µm) the sample volume was reduced by taking a 

representative subsample from a thoroughly mixed larger sample via the 

quartering method (ASTM53 C702/C702M- method B) [199]. In this step, a Haver 

& Boecker EML Digital Plus device and sieves with different mesh were used to 

carry out the separation. The powders were physically investigated according to 

the particle size distribution following ASTM B822 and using a Laser Scattering 

Particle Size Distribution Analyzer 930 brand Horiba. The tapped (ρt) density of 

the powders was performed using a JEL STAV II device (J. Engelsmann AG, 

Ludwigshafen, Germany) according to the DIN ISO 3953 standard, testing a 
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mass of 100 g with a frequency of 5 tap/s after 3000 tap cycles. The powders' 

flowability and apparent (ρa) density were also evaluated using the Carney funnel 

(Ø=5mm and 100g of powder) following the standard ASTM B964 (method 2). 

The powder shape and microstructure were examined through Optical 

Microscopy (OM), using an Olympus microscope (BX41M-LED), and by Scanning 

Electron Microscopy (SEM), using a FEI Scanning Electron Microscopy (SEM) 

FEI QUANTA 400 model. Chemical microanalyses were performed by an energy-

dispersive spectrometer (EDS Oxford Instruments, INCAx-sight model) attached 

to the SEM. The carbon and oxygen content in the atomized powders was 

measured using LECO-CS844 and LECO-ONH836 Instruments inert gas fusion 

(IGF) machines, respectively, and three measurements were made to obtain an 

average value of C and O concentration. The phase formation of the powders 

was evaluated by X-ray Diffraction (XRD) experiments using a Siemens Model 

D5005 diffractometer with Cu-Kα radiation, with a range of 20-100° and a step 

size of 2º/min. The XRD device Bruker D2 Phaser (MA, USA), a Tabletop XRD 

system with Co-anode and energy dispersive 1-D detector system 

LYNXEYE and autosampler, with Co-Kα radiation (λ=1.79026 Å) and 

Fe as the Kβ filter was also used. Diffraction patterns were recorded between 2θ 

= 20° and 120° with a step size of 0.02°. The thermal stability of the powders was 

ascertained by Differential Scanning Calorimetry (DSC) using a Netzsch DSC 

404 calorimeter with a heating/cooling rate of 20K/min and 40 K/min and with an 

argon protective atmosphere. Each sample was subjected to two heating cycles 

to evaluate the presence and stability of glassy phases. 

 

3.2.4. Fabrication of samples by LPBF 
 

Before each LPBF experiment, V5 and V6 powders were dried at 80°C for 

24h in a drying oven with air circulation. For the experiments, three LPBF 

machines were used:  

1- The first exploratory LPBF experiments were conducted to investigate 

the powders’ behaviors during the processing and the alloys’ aspects under 

different LPBF process parameters. An OmniSint-160 machine (Omnitek-Brazil), 
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equipped with a Yttrium-Aluminum-Garnet doped with Erbium (Yb:YAG) laser 

and a beam diameter of 90 µm was used. Argon was used as the protective gas, 

maintaining the residual oxygen < 400 ppm to prevent powder oxidation, and an 

unheated 1020 carbon steel substrate (Ø=156mm and thickness of 25mm) was 

used. The powders were melted using the process parameters: uni-directional 

and chessboard-like (400 μm stroke) laser scanning strategy, layer thickness of 

50 μm, and hatch spacing of 30 μm. For each layer, the scanning vectors were 

rotated by 79°. Here, cubic (6x6 mm) deposits of 10 layers (~0.5 mm thick) were 

produced systematically varying laser power (P=90, 130, 170, 210, 250, 290, and 

330W) and scan speed (V= 100-1000 mm/s). Two sample groups were 

fabricated, one without remelting and the other with the remelting step for each 

layer, using the same combination of parameters for melting and remelting.  

2- AconityMINI (Germany) with a ytterbium fiber laser and laser spot size 

of 60 μm. Argon was used as a protective gas, and during the processing, the 

residual oxygen content was <100 ppm. A 316L steel substrate (Ø=100 mm and 

thickness of 20 mm) heated at 200°C was used. The powders were melted using 

the process parameters: chessboard (400 μm stroke) laser scanning strategy, 

layer thickness of 50 μm, and hatch spacing of 30 μm. For each layer, the 

scanning vectors were rotated by 79°. Here, cubic (6x6 mm) deposits of 20 layers 

(~1mm thick) were produced with the most promising laser powers (P=90, 130, 

170, and 210W) and scan speed (V=300-1000 mm/s) from the previous 

experiments. All the samples were fabricated with the remelting step (for each 

layer), using the same combination of parameters used for the melting.  

3- Acconity Midi+ (Germany) with an ytterbium fiber laser and laser spot 

size of 80 μm. Argon was used as a protective gas, the process started at <600 

ppm, and the residual oxygen content achieved less than 100 ppm during the 

processing. Substrates of CK45 carbon steel (no heated) and 316L steel (Ø=55 

mm and thickness of ~12 mm) without and with heating (150 ± 20°C) were used. 

The powders were melted using different layer thicknesses (50, 70, 90, and 100 

μm), and hatch spacing (30, 40, and 50 μm). For each layer, the scanning vectors 

were rotated by 79°. Here, samples without contour of different geometries 

(donut, cube, ring, parallelepiped, and cylinder) and sizes (maximum 11mm 
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height) were built with different combinations of laser powers (Pminimum=50 W and 

Pmaximum=210 W) and scan speed (Vminimum=100 mm/s and Vmaximum=3000 mm/s). 

Three different laser scanning strategies were also applied: uni-directional 

(Single Normal-SN), uni-directional randomized (Single Random-SR), and 

island/chessboard-like (400 μm stroke). Samples were fabricated without and 

with remelting, some of them using the same combinations of parameters used 

for the melting, and some using different combinations of parameters. With the 

best parameters combination, samples for the compression test were built in 0°, 

45°, and 90° with respect to the Z-axis. In these experiments, Autodesk Netfabb 

software was used for designing and building the 3D files before each printing. 

The slicing and filling were also generated using Netfabb. Python was used to 

develop a randomizer strip laser strategy. 

 

3.2.5. LPBF samples preparation and density investigation  
 

The LPBF samples were removed from the substrate with a wire electrical 

discharge machining (EDM) - MV1200-S Advance Type M800. The samples were 

embedded in polymer resin in the build direction (BD), and two deep (from the 

side surface), of each sample were ground and polished for defect analysis. 

Diamond pastes of decreasing particle sizes (down to 1/4 μm) were used for 

optimal surface finish. An Olympus BX51 optical light microscope and Olympus 

LEXT OLS4100 laser scanning digital microscope were then used to image the 

mirror-polished whole cross-section area of the samples using 25x magnification. 

The software ImageJ/Fiji was then utilized to classify and separate different 

defect types (pores and cracks) by thresholding and binarizing the samples’ 

images. After that, Fiji’s machine learning-assisted segmentation plug-in, the 

WEKA Trainable Segmentation package, was utilized to isolate pores and cracks 

and then estimate the area fraction of each (details about the procedure are 

provided in the Appendix). Besides the relative density quantified from the optical 

micrographs, the Archimedes density for the densest LPBF samples was 

measured following ASTM B962 to obtain the bulk property. Samples were 

measured three times dry and three times submerged, and the results were 

combined to obtain the average density of each sample by the Archimedes 
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method. The standard error of the mean for each measured sample was less than 

0.07% of the value. The calculated theoretical densities of 7.52 and 7.65 g/cm3, 

for V5 and V6, respectively, were assumed as the references for a fully dense 

material.  

 

3.2.6. Microstructural and thermal characterization of the LPBFed 
samples 

 

The (micro)structure of the LPBF samples was first characterized 

qualitatively by optical microscopy imaging of etched cross sections 

parallel to the building direction. The etching solution, consisting of hydrochloric 

acid and nitric acid in a 3:1 ratio (aqua regia), was applied to mirror-polished cross 

sections, and it attacked preferentially the crystalline regions, allowing for 

detection of their preferential location within melt pools. Etching was carried out 

by gently rubbing the surface of the sample with a cotton swab moistened with 

aqua regia for 30-40 s, followed by acetone rinsing and drying with soft paper. 

After, an Olympus microscope (BX41M-LED) was used to take the images. X-ray 

diffraction (XRD) analyses were also conducted on mirror-polished cross-

sections parallel to the build direction to characterize qualitatively the presence 

and nature of different phases (glassy/crystalline) in the LPBF parts. For the XRD 

analyses, a diffractometer Siemens Model D5005 with Cu-Kα radiation with a 

range of 20-100° and a step size of 2 º/min was used. A XRD device, Bruker D2 

Phaser (MA, USA), Tabletop XRD system with Co-anode and energy dispersive 

1-D detector system LYNXEYE and autosampler, with Co-Kα radiation 

(λ=1.79026 Å) and Fe as the Kβ filter was also used. Diffraction patterns were 

recorded between 2θ = 20° and 120° with a step size of 0.02°. The glassy fraction 

was additionally quantified by Differential Scanning Calorimetry (DSC) using a 

Netzsch DSC 404 calorimeter with a protective argon atmosphere using heating 

rates of 20 K/min and 40 K/min. Each sample was subjected to two heating 

cycles. The microstructure of the samples was further investigated by Scanning 

Electron Microscope (SEM) using a Tescan MAGNA, equipped with an electron 

backscatter diffraction detector (Bruker), and an electron dispersive X-ray 

detector (Bruker). A Dual-Beam Focused Ion Beam/Scanning Electron 
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Microscope (FIB-SEM) (Scios 2 DualBeam) with gallium ion beam and platinum 

deposition was used to prepare thin foil TEM samples. Specimens were removed 

from the melt pool center (MP) and from the heat-affected-zone (HAZ) for 

analysis by transmission electron microscope (TEM), using a Talos F200X G2 

TEM (TEM/STEM) equipped with a cold field emission gun (X-CFEG) operating 

at 200 kV.  

 

 

3.2.7. Mechanical characterization of the LPBFed samples 
 

 

Nanoindentation measurements on the polished flat side of the LPBF 

samples (thickness: ~0.5 mm, produced using the OmniSint-160 machine) were 

carried out at room temperature in air using a nanoindentation apparatus (Anton 

Paar, NHT2) with a Vickers diamond indenter along with the build direction. 

Parameters used: linear loading, maximum depth of 500 nm, loading and 

unloading rate of 250 nm/min, pause of 15 s with a point spacing of at least 15 

μm. Six indents were performed for each region (glassy = melt pool center (MPC) 

and crystallized Heat Affected Zone (HAZ)) of each sample.  

Vickers microhardness measurements were carried out at the LPBF 

samples (thickness: ~1 mm, produced using the AconityMINI machine) using an 

FM-800 (Future-Tech). All indents were made at room temperature with a load of 

500g and a loading time of 10s. All 10 indents analyzed for each sample were 

placed at random positions in specific regions of the sample.  

The LPBF samples produced using the Acconity Midi+ machine were 

tested in a Vickers microhardness tester, EMCOTEST DURASCAN from 

ZwickRoell, with a load of 200g and a time of 10 seconds for indentation.  

The mechanical behavior of the as-built LPBF samples 

(P80_V600_SN_0°, 45°, 90°; P80_V600_chess_0°; P70_V400_SN_0°; 

P70_V400_chess_0°; P60_V100-500_SN and chess_0°) was investigated 

through compression tests using an INSTRON 5900R-5569/50KN with a constant 

crosshead speed of 0.048 mm/min (~1 × 10-4 s-1) and coupled with an INSTRON 

2663-821 (model AVE 1) advanced video extensometer.  
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3.2.8. Wear tests of the LPBFed samples 

 

Reciprocating ball-on-flat wear tests were conducted on the LPBF samples 

(P80_V600_SN_0°, 45°, 90°; and P80_V600_chess_0°) using Plint & Partners 

TE 67/R equipment. The tests followed ASTM G133-05, procedure A, with a 

normal load of 25 N, a frequency of 5 Hz, a slip speed of 0.1 m/s, and a total 

sliding distance of 100 m. Tests were performed at a relative humidity of 50 ± 

10% and room temperature (25 ± 5 °C). A deviation from the standard procedure 

was made due to the use of an alumina pin with a radius of 2.6 mm and a stroke 

length of 5 mm. The coefficient of friction (COF) was recorded during the tests. 

Volume loss was determined through 3D topographic analysis of the worn 

surfaces using an Alicona InfiniteFocus SL optical microscope. The specific wear 

rate (k) was calculated using the equation k = V / (W × L), where V is the wear 

volume loss (mm³), W is the normal force (N), and L is the total sliding distance 

(m). Worn surfaces were examined using scanning electron microscopy (SEM; 

FEI Quanta 400). Vickers hardness measurements were performed using a 

Shimadzu HMV-G20ST with a 0.5 kg load and an indentation time of 10 seconds, 

at 7–10 randomly selected positions. 
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4 RESULTS AND DISCUSSIONS  
 

4.1 Fe-Mo-P-C-B alloys design and selection 
 

The glass-forming ability (GFA) of the alloys is based on their critical 

cooling rates (Rc (K/s)). The theoretical Rc results of the Fe-Mo-P-C-B alloy are 

shown in Figure 4.1a) and 4.1b) as a function of the metalloid content. The lower 

the Rc, the higher the GFA, as lower cooling rates are required to form the glassy 

phase for that alloy composition. From Figure 4.1, one can see that increasing 

the metalloid content in the Fe-Mo-P-C-B alloy decreases the Rc. In the range of 

23-25 % at. of metalloid, the Rc does not change significantly.  

For the Fe77Mo5P9C7.5B1.5 alloy, the Rc predicted by the GFA simulations 

(~104 K/s) agrees with the estimated Rc calculated by Equation 4.1 [14] and 

presented in Table 4.1 (1.17 x 104 K/s). 

  

𝑅𝑐 ≅  α ∆𝑇𝑛  

1

𝑍𝑐
2
 Equation 4.1 

 

 

where α is the thermal diffusivity of the alloy and ∆Tn is the undercooling at the 

nose of the time-temperature-transformation (TTT) diagram for crystallization of 

the liquid, and ∆Tn~Tm/3, where Tm is the melting point in K. ZC is the critical 

amorphous thickness experimentally obtained. For the Fe77Mo5P9C7.5B1.5 alloy, 

authors have reported ZC = ~1.00 mm [54], [85]. The estimated Rc and the values 

of the parameters used in its calculation are shown in Table 4.2. 
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Figure 4.1- a) Rc as a function of the metalloid content in the Fe-Mo-P-C-B alloy, 

and b) magnification of graph a). The symbols in graph b) indicate the promising 

GFA compositions selected for further investigation. 
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Table 4.1- Parameters used to estimate Rc for the Fe77Mo5P9C7.5B1.5 alloy, where 

λ = thermal conductivity, ρ= density, c= specific heat capacity, and α= thermal 

diffusivity given in m2/s. 

Parameter  Fe Mo P (red) C (graphite) B 

λ (W/m*K) 34.5 138 35.0 20.0 27.4 

ρ (kg/m3) 7870 9136.4 2160 2250 2178 

c (J/kg *K) 440 540 770 707.7 29.7 

α (mm2/s)* 9.963 27.97 21.043 12.560 423.58 

Tm (K) 1808 2573 863 3825 2890 

∆Tn (K) 602.667 857.67 287.667 1275 963,33 

 Alloy in atomic % 

Calculated parameter of the 

alloy 

Fe77Mo5P9C7.5B1.5 

α (mm2/s) 18.26 

∆Tn (K) 642.902 

Experimental Zc (mm) 1.00 

Estimated Rc (K/s) 1.17 x 104 

*α = λ/ρ*c 

 

From the Rc results, forty-four (44) Fe-Mo-P-C-B alloy compositions with 

Rc < 105 K/s, see Table 4.2, were selected to be further analyzed by 

thermodynamic calculations to obtain the liquidus temperature (TL) and primary 

phase formation. In this simulation, graphite, cementite, and diamond phases 

were suspended. It is observed that the TL decreases with the increase of 

metalloid, and considering the alloys with the same content of metalloid, the 

decrease of Mo content decreases the TL. Relating to the phase formation, the 

FCC is a solid solution (γ-FCC), and since it is a ductile phase [200], [201], [202], 

its presence in the glassy matrix is expected to increase the fracture toughness 

of the Fe-Mo-P-C-B BMGC. As one can see, no composition is expected to form 

the FCC or BCC phase as the primary phase. Then, only five compositions 

precipitated the FCC phase from the remaining liquid, and those with the lowest 

TL of each metalloid content were highlighted in light yellow (Table 4.2). Between 
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those five, only two compositions are able to precipitate the FCC phase before 

the solidus temperature (highlighted in red). For these two compositions, 

Fe77Mo6P8 and Fe77Mo5P9, TL and the percentage of FCC phase at the final of 

solidification are 1174 °C and 1165°C, and 0,46 and 0,41, respectively. As 

mentioned before, the solidification was considered under equilibrium conditions, 

and it is known that the content of FCC in the final of solidification is most likely 

not correct, for the real case. Instead, the TL is probably correct, and because of 

this, the composition with the lower TL (Fe77Mo5P9C7.5B1.5) was selected to be 

produced experimentally.  

Because Mo seems to be a promising element in the Fe– (P, C, B)-based 

system, especially by increasing the metallicity and the GFA of the alloy, the Mo 

content was varied from 0 to 5 % at. (Fe77-xMoxP9C7.5B1.5). The experimental 

results will be shown in the next section.  
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Table 4.2- Forty-four Fe-Mo-P-C-B alloy compositions selected by considering lower Rc (<105 

K/s). TL and phase formation, in the order of formation, are also shown. 

 

 

 

% metalloid Alloy (% at.) T liquidus (°C) Phases formed in the order of formation 

FCC from the 

remaining 

liquid?

%FCC in the 

final of 

solidification

FCC before Ts?

17 Fe60Mo23P8 1712 HCP; M6C; M3B2;MoP; M2P NO - NO

17 Fe67Mo17P8 1551 HCP; M6C; M3B2;M3P; FCC YES 0.2 NO

17 Fe70Mo13P8 1422 HCP; M6C; M3B2;FCC;M3P YES 0.3 YES

17 Fe75Mo8P8 1224 HCP; M3B2; M6C;FCC;M3P YES 0.43 YES

17 Fe77Mo6P8 1174 M3B2; M6C;FCC;M3P YES 0,46 YES

18 Fe60Mo22P9 1694 HCP; M3B2; M6C;MoP; M2P;M3P;BCC NO - NO

18 Fe66Mo16P9 1529 HCP; M3B2; M6C;M3P;FCC YES 0.20 NO

18 Fe69Mo13P9 1431 HCP; M3B2; M6C;M3P;FCC YES 0.28 NO

18 Fe73Mo9P9 1278 HCP; M3B2; M6C;FCC;M3P YES 0.35 YES

18 Fe77Mo5P9 1165 M3B2; M6C;FCC;M3P YES 0.41 YES

19 Fe60Mo21P10 1674 HCP; M3B2; M6C; MoP; M2P;M3P;BCC YES 0.051 YES

19 Fe63Mo18P10 1595 HCP; M3B2; M6C; MoP; M2P;M3P;FCC YES 0.1 YES

19 Fe66Mo15P10 1505 HCP; M3B2; M6C; M2P;M3P;FCC YES 0.18 YES

19 Fe69Mo12P10 1404 HCP; M3B2; M6C; M3C; FCC YES 0.25 YES

19 Fe73Mo8P10 1243 HCP; M3B2; M6C; M3P; FCC YES 0.35 NO

20 Fe60Mo20P11 1653 HCP; M3B2; M6C; MoP; M2P;M3P NO - NO

20 Fe65Mo15P11 1512 HCP; M3B2; M6C; MoP; M2P;M3P NO - NO

20 Fe69Mo11P11 1375 HCP; M3B2; M6C; M2B;MoP NO - NO

20 Fe72Mo8P11 1251 HCP; M3B2; M6C; M3P NO - NO

20 Fe77Mo3P11 1127 M3B2; M3P; ( FCC exactly on the eutectic) YES 0.23 NO

21 Fe60Mo19P12 1629 HCP; M3B2; M6C; M2P NO - NO

21 Fe61Mo18P12 1603 HCP; M3B2; M6C; MoP; M2P NO - NO

21 Fe65Mo14P12 1485 HCP; M3B2; M6C; MoP; M2P; M3P; CARBETO NO - NO

21 Fe69Mo10P12 1342 HCP; M3B2; M6C; M2P; M3P; CARBETO NO - NO

21 Fe72Mo7P12 1210 HCP; M3B2; M6C; M3P; CARBETO NO - NO

21 Fe77Mo2P12 1091 M3B2; M3P; M23C6 NO - NO

22 Fe60Mo18P13 1604 HCP; M3B2; MoP;M6C; M2P; M3P NO - NO

22 Fe63Mo15P13 1519 HCP; M3B2; MoP;M6C; M2P; M3P NO - NO

22 Fe66Mo12P13 1421 HCP; M3B2; MoP;M6C; M2P; M3P; CARBETO NO - NO

22 Fe69Mo9P13 1307 HCP; M3B2; M2P; M3P; M6C;CARBETO NO - NO

22 Fe73Mo5P13 1195 M3B2; HCP;M2P; M3P; CARBETO; FCC (LOW) YES 0,17 NO

23 Fe60Mo17P14 1577 HCP; M3B2; MoP;M6C;M2P;M3P NO - NO

23 Fe65Mo12P14 1423 HCP; M3B2; MoP;M2P;M6C; M3P; CARBETO NO - NO

23 Fe69Mo8P14 1268 HCP; M3B2; MoP;M2P; M3P; M6C;CARBETO NO - NO

23 Fe73Mo4P14 1177 M3B2;;M2P; M3P;CARBETO NO - NO

24 Fe60Mo16P15 1548 HCP; M3B2; MoP;M6C;M2P; M3P NO - NO

24 Fe65Mo11P15 1389 HCP; M3B2; MoP;M2P; M3P; M6C NO - NO

24 Fe69Mo7P15 1223 HCP; M3B2; MoP;M2P; M3P; CARBETO NO - NO

24 Fe73Mo3P15 1151 M3B2;M2P; M3P; CARBETO NO - NO

25 Fe61Mo14P16 1486 HCP; M3B2; MoP;M2P; M3P; M6C NO - NO

25 Fe65Mo10P16 1351 HCP; M3B2; MoP;M2P; M3P; M6C/CARBETO NO - NO

25 Fe69Mo6P16 1226 M3B2; MoP;M2P; M3P; M6C/CARBETO NO - NO

25 Fe73Mo2P16 1112 M3B2; M2P; M3P; M5C2/CARBETO NO - NO
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4.2 Fe77-xMoxP9C7.5B1.5 (x=0 – 5) alloys preparation 
 

4.2.1. Arc melt results  
 

Ingots of six Fe77-xMox(x=0 – 5) P9C7.5B1.5 alloys (named V1, V2, V3, V4, V5, 

and V6) were produced and chemically analyzed using EDS. Measurements of 

carbon and boron are not presented, as these elements are not detectable by 

EDS. The differences between the target and actual compositions (see Table 

4.3) are acceptable, considering the error associated with the ZAF corrections 

(Z=atomic number, A=absorption, F=fluorescence) applied by the INCAEnergy 

software during the EDS analysis. Part of each ingot was used to produce a 

wedge-shaped sample for each alloy via suction casting.   

 

Table 4.3- Chemical composition of the ingots Fe77-xMoxP9C7.5B1.5 (x=0 – 5) 

alloys measured by EDS (%wt). 

V1   Fe Mo P Si Ti Al Mn 

 Targed 92.2 0 5.6 0 0 0 0 

 Actual  91.23 0 7.53 0.45 0.42 0.28 0.32 

 Deviation 0.59 0 0.55 0.03 0.045 0.11 0.08 

 Difference -0.97 0 1.935 0.4525 0.4225 0.28 0.325 

V2   Fe Mo P Si Ti Al Mn 

 Targed 90.4 1.9 5.6 0 0 0 0 

 Actual  89.25 2.49 8.2 0.68 0.52 0.37 0.42 

 Deviation 0.57 0.22 0.7 0.1 0.21 0.05 0.007 

 Difference -1.15 0.59 2.6 0.68 0.525 0.375 0.425 

V3   Fe Mo P Si Ti Al Mn 

 Targed 89.5 2.9 5.5 0 0 0 0 

 Actual  87.4 3.81 8.6 0.31 0.33 0.32 0.43 

 Deviation 1.63 0.22 0.5 0.01 0.04 0.08 0.01 

 Difference -2.1 0.91 3.1 0.31 0.33 0.32 0.43 

V4   Fe Mo P Si Ti Al Mn 

 Targed 88.6 3.8 5.5 0 0 0 0 

 Actual  86.62 3.85 8.66 0.68 0.31 0.31 0.36 

 Deviation 0.1 0.49 0.67 0.28 0.06 0.09 0.008 

 Difference -1.98 0.05 3.16 0.68 0.31 0.31 0.36 

V5   Fe Mo P Si Ti Al Mn 

 Targed 86.8 5.7 5.5 0 0 0 0 

 Actual  84.5 6.2 8.26 0.23 0.34 0.18 0.43 
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 Deviation 0.17 0.24 0.07 0.02 0.03 0.05 0.11 

 Difference -2.3 0.5 2.76 0.23 0.34 0.18 0.43 

V6   Fe Mo P Si Ti Al Mn 

 Targed 83.26 9.29 5.4 0 0 0 0 

 Actual  79.87 9.65 9.77 0.23 0.37 0.24 0.37 

 Deviation 0.39 0.44 0.24 0.02 0.1 0.05 0.11 

 Difference -3.39 0.36 4.38 0.23 0.37 0.24 0.37 

 

 

As proposed in the literature [95], the shear modulus (G) and the glass 

transition temperature (Tg) govern the shear flow barrier (W) of metallic glasses, 

where the shear flow barrier refers to the energy required to initiate shear banding 

[95]. Additionally, Demetriou and Johnson [197] have suggested that tough Fe-

based BMGs, particularly those containing phosphorus, should exhibit G < 60 

GPa and Tg < 440 °C. Based on the DSC curves (Figure 4.2), the Tg of the A1 

area (thinnest region) of the wedges from the six alloys (V1, V2, V3, V4, V5, and 

V6) was measured. For all alloys, Tg was found to be below 440 °C, meeting one 

of the key criteria established in this study. The shear modulus (G) was estimated 

using Equation 4.2 and the Vickers microhardness measured in the A1 area of 

the wedges. The resulting G values are presented in Table 4.4, and it can be 

seen that all alloys exhibit G < 60 GPa, thus satisfying the second requirement. 
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Figure 4.2- DSC results of the ingots (buttons) and A1 area of the wedges for the 

Fe77-xMox(x=0 – 5) P9C7.5B1.5 alloys a) V1,  b) V2, c) V3,  d) V4, e) V5, f) V6. 

 
 

Table 4.4- Summary of the Fe77-xMox(x=0 – 5) P9C7.5B1.5 alloys, the estimated G, TL 

and primary phases obtained by simulation, and TL and Tg obtained 

experimentally by DSC analyses. 

Chemical 

composition 

Alloy 

ID 

 
           (Simulation) Experimental 

At. % Name G (GPa) TL (°C) Primary phase TL (°C) Tg (°C) 

Fe82Mo0P9C7.5B1.5 V1 54.1 1041 FCC 998 418 

Fe81Mo1P9C7.5B1.5 V2 54.6 1033 FCC 1027 421 

Fe80.5Mo1.5P9C7.5B1.5 V3 53.1 1024 FCC/M3B2 1024 428 

c) d) 

e) f) 
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Fe80Mo2P9C7.5B1.5 V4 55.9 1049 M3B2 1023 428 

Fe79Mo3P9C7.5B1.5 V5 57.0 1093 M3B2 1030 423 

Fe77Mo5P9C7.5B1.5 V6 58.6 1145 M3B2 1020 439 

 

Since all six alloys satisfied the G and Tg requirements, their glass-forming 

ability (GFA) was further investigated using optical microscopy (OM) and 

differential scanning calorimetry (DSC) analyses of the A2 and A3 regions of the 

wedges. Based on these results (see OM images Appendix Figure A.1 e) and 

f)), only the V5 and V6 alloys exhibited the presence of glassy phases in the A2 

and A3 areas, indicating a higher GFA compared to the other alloys. The 

presence of the glassy phase in these regions was confirmed by DSC analyses, 

as shown in Figure 4.3. The clear appearance of Tg and exothermic events during 

the first heating run for the A2 and A3 areas of the V5 and V6 wedges confirms 

the presence of the glassy phase. Therefore, these two alloys were selected to 

be gas atomized. 
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Figure 4.3- DSC results of the A2 and A3 areas of the wedges for a) V5, and b) 

V6 alloys.  

 
 

To better understand the microstructure of the V5 and V6 wedges, the 

entire wedge area was investigated using SEM. The SEM images of each region, 

a) b) 
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along with the corresponding hardness values and markings, are presented in 

Figure 4.4. Based on the compositional contrast provided by backscattered 

electrons (Figure 4.4a)), the microstructure consists of a light gray, 

homogeneous glassy matrix with some spherical crystalline particles dispersed 

throughout, evidenced by a brighter contrast. A higher concentration of these 

spherical crystalline particles is observed in the V6 alloy, which can be attributed 

to its higher Mo content. As shown in the elemental EDX maps in Figure 4.4b), 

these crystalline particles are rich in Mo. These Mo-rich phases can contribute to 

the increased hardness of the V6 alloy, as supported by the hardness results.  

 
 
 
 

 
 

862±8 HV0.5 

866±15 HV0.5 

858±9 HV0.5 889±15 HV0.5 

893±14 HV0.5 

885±12 HV0.5 

V5 V6 
a) 
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Figure 4.4- a) Schematic of the wedge-shaped cast samples together with SEM 

images and hardness marks indicated for V5 and V6, and b) representative SEM 

image from A1 area, together with elemental EDX maps using Fe-Kα, Mo- Lα, P-

Kα, C-Kα, B-Kα. 

 

 

From Figure 4.3, the V5 and V6 alloys exhibited distinct three- and four-

stage crystallization behaviors, respectively. To further investigate the 

crystallization process, the A3 area of each wedge was selected and subjected 

to annealing at temperatures just below and above the exothermic peaks 

observed in Figure 4.3 (see Table 4.5). For each case, the same sample 

underwent annealing in a DSC, followed by XRD measurement. The annealing 

steps and corresponding XRD patterns are shown in Figure 4.5a)-f). 

Based on the XRD results, the crystallization process is similar for both V5 

and V6 alloys, with the formation of Fe3P, (Fe,Mo)23(C,B)6 and Fe(α) phases 

occurring immediately after annealing at 475 °C. The more intense Fe3P peaks 

after 475 °C annealing indicates increased precipitation of this phase at this 

stage. For V5, in the range of 475–525 °C, slight differences in the XRD patterns 

are observed, with the peaks gradually becoming more defined and shifting 

slightly to the left. A similar trend occurs in the V6 alloy, but within a broader 

A1 wedge  
 

b) 
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temperature range of 475–565 °C.  

In the range of 645–655 °C, the peaks become more pronounced, 

particularly those corresponding to the (Fe,Mo)23(C,B)6/ Fe23(C,B)6 and Fe(α) 

phases. For V5, at 535 °C, a peak at ~50° is decomposed, and after annealing at 

695 °C, it clearly appears as two peaks, at 49.4° and 49.9°. At this temperature, 

new peaks associated with the Fe3P phase appear, while those related to the 

Fe23(C,B)6 and Fe(α) phases become significantly more evident. A similar 

progression takes place at 705 °C for the V6 alloy.  

 
 

Table 4.5- Selected annealing temperatures for A3 area of V5 and V6 wedges 

based on DSC results. 

 Temperatures (°C) 

Alloy Tg Tx1-5 Tx1+5 Tx2-5 Tx2+5 Tx3-5 Tx3+5 Tx4-5 Tx4+5 

V5 440 475 485 525 535 695 705 - - 
V6 440 475 485 555 565 645 655 705 715 
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Figure 4.5- DSC curves of the annealing treatment steps for A3 area of the 

wedge for a) V5 and b) V6, and corresponding XRD pattern after each annealing 

for c) and e) V5 and d) and f) V6 alloys.  

 
 

Further investigations into the mechanical behavior of the V5 and V6 alloys 

were carried out using cast rods. The compressive engineering stress–strain 

curves at room temperature for 2 mm diameter rods of V5 and V6 are shown in 

Figure 4.6a). 

Although higher compressive strength has been reported for similar 

systems [100],[203],[204],[205], such performance was not observed in the 

c) d) 

e) f) 
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present experiments. This discrepancy may be attributed to differences in alloy 

chemical composition, the raw materials used, and the sample geometry used in 

mechanical testing. In most reported studies, high-purity elements were used as 

raw materials, and rods with 1 mm diameter were employed for compression 

tests. Additionally, microstructural variations resulting from different cooling 

rates—due to differences in sample diameter—may also contribute. The 

presence of a small volume fraction of nanocrystals in the glassy matrix, as 

observed in SEM images (Figure 4.4), could also influence the overall 

mechanical behavior. 

Interestingly, the V6 alloy exhibited higher fracture strength (σf = 2607 ± 

193 MPa) and macroscopic plasticity (εp = 2.15 ± 0.13%) compared to V5. This 

suggests that both strength and plasticity can be simultaneously improved by 

adjusting the Mo content. The fracture surface of the V6 alloy is shown in Figure 

4.6b), and a local magnified view of a well-developed vein-like pattern—a 

morphology typically observed in the fracture surface of glassy alloys [61]—is 

presented in Figure 4.6c). The shear direction is indicated by white arrows in the 

micrograph. 

The more negative mixing enthalpies of Mo-atomic pairs, compared to 

those of Fe, indicate a stronger atomic bonding nature [206]. As a result, the 

substitution of Fe with Mo can improve alloy strength. While most Fe-based 

metallic glasses are brittle and exhibit almost no plasticity (<1%), the V6 alloy—

with relatively high Fe content and without the addition of typical strengthening 

alloying elements such as Nb or Ni—exhibited a plastic strain exceeding 2.0%, 

making it notably different from many other Fe-based bulk metallic glasses.  

Figure 4.7a) shows micrographs of the lateral surface of the compressed 

sample. Fracture occurred along the main shear band, indicating a quite good 

toughness. A close-up view of area “A” in Figure 4.7a) is shown in Figure 4.7b), 

revealing a high density of multiple shear bands on the side surfaces of the 

deformed samples, oriented parallel to the fracture plane. The activation of 

multiple shear bands contributed to the significant plastic strain observed under 

compressive stress. 
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Figure 4.6- a) Compressive stress-strain curves of V5 and V6 as-cast rods with 

strain rate of 1x10-4 s-1. b) SEM images of the fracture surface morphology of V6. 

c) Partially enlarged views of the fracture of the box in b).  

 
 
 

  
Figure 4.7- SEM images of the V6 sample rod with 2 mm diameter after 

compression fracture: a) lateral surfaces and b) a close-up view of the area ‘‘A’’ 

in a). 

 
 
 
 
 

a) 

b) 

c) 

A 

a) b) 
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4.2.2. Melt Spinning results 
 
  

Figure 4.8a) shows the XRD patterns of the V5 and V6 melt-spun ribbons. 

Both patterns exhibit only one broad diffraction peak with no evidence of 

crystalline phases, which is the typical characteristic of a fully glassy structure. 

Figure 4.8b) presents the DSC curves of the melt-spun V5 and V6 ribbons 

measured at a heating rate of 0.67 K/s. Both curves exhibit distinct glass 

transition and exothermic crystallization events, further confirming the glassy 

nature of these ribbons. 

Thermal parameters including the glass transition temperature (Tg), 

crystallization temperatures (Tx), melting temperature (Tm), liquidus temperature 

(TL), area of the exothermic peaks, supercooled liquid region (ΔTx), reduced glass 

transition temperature Trg=(Tg/TL), and the glass-forming ability (GFA) parameter 

γ = (Tx/(Tg+TL)), were obtained from the DSC analysis and are listed in Table 4.6. 

It was found that, V5 and V6 are similar regarding to the parameters presented 

in Table 4.6. However, V6 alloy, which has higher Mo content, shows values of 

Trg and γ parameters slightly higher than V5 alloy, suggesting better GFA.  

The Vickers microhardness values for V5 and V6 were 641±38 and 

720±30 HV, respectively.  
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Figure 4.8- a) XRD patterns and b) DSC curves with a heating rate of 40 K/min, 

for V5 and V6 ribbons.  
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Table 4.6- Glass transition temperature Tg, crystallization temperatures Tx1 – Tx5, 

melting temperature Tm, liquidus temperature Tl, area of the exothermic peaks, 

the supercooled region ∆Tx, the reduced glass transition temperature Trg=(Tg/Tl), 

and the glass-forming ability (GFA) parameter γ = (Tx/(Tg+Tl)) at 40K/min for V5 

and V6 ribbons. 

Alloy Tg,inf Tx1 Tx2 Tx3 Tx4 Tx5 Tm Tl Area ΔTx Trg γ 

 ±1K ±1K ±1 K ±1 K ±1 K ±1 K ±1 K ±1 K J/g    

V5 702 750 805 919 - - 1189 1293 -118 48 0.543 0.376 

V6 712 757 772 847 915 962 1184 1293 -124 45 0.551 0.378 

 
 
 

To explore the crystallization behavior under varying high heating rates (β) 

ranging from 200 to 10000 K/s, Flash DSC measurements were carried out. Six 

representative continuous Flash DSC heating traces for the V5 and V6 ribbon 

samples at different heating rates—200, 500, 1000, 2000, 5000, and 10000 K/s—

are displayed in Figure 4.9a) and b). At all heating rates, the Flash DSC heat 

flow curves exhibit primary crystallization peak, which becomes more pronounced 

with increasing heating rate.  

At heating rates higher than 2000 K/s, the curves exhibit obvious glass 

transition signals. When the heating rate increases, both the glass transition (Tg) 

and the primary crystallization (Tx) shift to the higher temperature range, 

particularly Tx. This behavior is consistent with previously reported thermal 

responses of metallic glasses and results in a wider supercooled liquid region 

(∆𝑇𝑥 = 𝑇𝑥 ― 𝑇𝑔). Additionally, a wide exothermic peak referred to relaxation 

appears before the glass transition. Interestingly, this relaxation signal is not 

detected in conventional DSC measurements performed at low heating rates 

(e.g., 20 K/min), highlighting a unique feature observable only through Flash 

DSC. 

In additive manufacturing processes, the heating in the heat-affected zone 

(HAZ) controls the crystallization, whereas the cooling from the melt is generally 

fast enough to avoid crystallization. According to the literature [207], the HAZ in 

previous deposited layers in LPBF, can reach temperatures between the Tg and 
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Tm. For the alloys studied in this work, this range is approximately 430-920°C. 

Moreover, the LPBF process can achieve extremely high heating rates (~106K/s) 

[208]. Due to cyclic thermal effects in HAZ, crystallization tends to occur upon 

reheating of the material after solidification [209]. Additionally, it has been 

reported [208] that crystallization kinetics upon heating are faster than those upon 

cooling. Therefore, understanding how crystallization progresses in the glassy 

phase under high heating rates is crucial for describing the structure’s behavior 

of the material during the LPBF process. From Figure 4.9a) and b), it is observed 

that crystallization in the alloys occurs at higher temperatures as the heating rate 

increases, suggesting that the high heating rates reached in the HAZ during LPBF 

can suppress crystallization. Furthermore, the V6 alloy crystallizes at higher 

temperatures compared to the V5 alloy under the same heating rate, indicating a 

potentially higher glassy phase fraction in V6 samples processed under identical 

LPBF conditions. However, at the maximum heating rate tested in this study 

(10,000 K/s), crystallization could not be completely prevented in either alloy.  

These findings indicate that Flash DSC at high heating rates is a powerful 

tool for investigating the crystallization behavior of the glassy phase during LPBF 

processing.  
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Figure 4.9- Flash DSC heating curves for a) V5 and b) V6 ribbons, measured at 

different heating rates (β= 200, 500, 1000, 2000, 5000 and 10000 K/s).  

 
 

a) b) 



76  

 

 

4.2.3. VIM results 
 

 

The V5 and V6 alloys were produced in a VIM furnace before being 

submitted for gas atomization. The as-cast ingots were chemically analyzed using 

ICP-OES, EDS, and LECO techniques, and the results are presented in Table 

4.7. The results show that the compositions of the alloys are quite close to the 

target values, except for silicon, which appears as an impurity originating from 

the raw materials.  

 
 
Table 4.7- Chemical composition measured by ICP-OES (Fe, Mo, P and B), 

LECO (C), and EDS (Si) of V5 and V6 ingots produced in the VIM furnace (%wt). 

V5 Fe Mo P C B Si 

Targed 86.80 5.70 5.50 1.80 0.30 0 

Actual  86.80 5.87 5.87 1.76 0.253 0.77 

Deviation 0.72 0.39 0.39 0.04 0.02 0.1 

Difference 0 0.17 0.37 -0.04 -0.05 0.77 

V6 Fe Mo P C B Si 

Targed 83.26 9.29 5.40 1.74 0.31 0 

Actual  83.78 8.88 5.60 1.66 0.18 1.1 

Deviation 1.00 0.75 0.16 0.01 0.005 0.08 

Difference 0.52 -0.41 0.2 -0.08 -0.125 1.1 

 
 
 

The microstructure of the V5 and V6 ingots was investigated using optical 

microscopy (Figure 4.10). The microstructure is similar to that of hypoeutectic 

white cast iron, displaying the cementite phase along with the microconstituents 

pearlite and ledeburite. SEM imaging and elemental EDS mapping (Figure 4.11) 

revealed that the matrix phase, shown in dark gray contrast, is rich in phosphorus 

(P), while the phase appearing in light gray contrast is rich in molybdenum (Mo). 

EDS analysis also confirmed the presence of iron (Fe) in the pearlite dendrites 

and in the honeycomb-like ledeburite morphology. 
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V5 V6 
Figure 4.10- Optical images of the as-cast microstructure of a) V5 and b) V6 

ingots produced in the VIM furnace. Microstructure composed of pearlite 

dendrites (dark areas) and ledeburite (dotted-like areas) (eutectic constituent 

formed by plates of cementite and pearlite inside the holes). 

 

              

 
  

   
Figure 4.11- SEM image together with elemental EDS maps using Fe-Kα, Mo-Lα, 

P-Kα, C-Kα and B-Kα for a representative sample of VIM ingot.  
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The phase formation of the ingots produced using VIM and the arc-melt 

furnace was compared using X-ray diffraction (XRD) analysis (Figure 4.12). From 

the overview pattern in Figure 4.12, it can be observed that all ingots exhibit the 

Fe (α-bcc) phase. However, the peaks of (Fe, Mo)23(C, B)6 phase are more 

evident in the ingots produced using the arc-melt furnace, while the peaks of 

Fe3(P,C,B) phase (cementite) are more pronounced in those produced via the 

VIM furnace. This difference can be attributed to the higher cooling rates (~101-

102 K/s [210]) typically achieved in arc-melted ingots compared to the lower 

cooling rates achieved for the VIM-processed ingots. According to the literature 

[211], (Fe, Mo)23(C, B)6 phase is richer in transition metals (Fe and Mo) and 

metalloids (P, C, B) than the Fe3(P,C,B) phase. With a cubic structure (often FCC-

based), the (Fe, Mo)23(C, B)6 phase is stable at high temperatures, ranging from 

600 to 950 °C, and exhibits a hardness of approximately 1100 HV0.05  [211]. 
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Figure 4.12- X-ray diffractograms of the button-like ingot produced in the arc-melt 

furnace and the ingots produced in the VIM furnace for V5 and V6 alloys.  
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4.3 Gas atomized powders  
 

 

A total of 12.2 kg of V5 and 13.2 kg of V6 VIM-produced ingots were used 

to feed the gas atomizer. For both atomization, approximately 11.4 kg of powder 

was obtained, corresponding to yields of 93.4% for V5 and 86.4% for V6. Of the 

11.4 kg, about 14% consisted of particles that were too small (<20 µm), and 30% 

were too large (>75 µm) for use in the Laser Powder Bed Fusion (LPBF) process. 

These out-of-spec fractions were separated from the main powder batch.  

Only the powder fractions with particle sizes in the range of +20 to -75 µm 

were selected for use in the LPBF process. Consequently, these fractions were 

the focus of detailed investigation in this work. It is well established that the quality 

of LPBF-manufactured parts is significantly influenced by the characteristics of 

the powder feedstock. Key properties include particle size distribution, particle 

shape, surface morphology, composition, and flowability [105], [112]. 

Figure 4.13a) and b) show the mass fraction and cumulative fraction of 

each sieved size range for the V5 and V6 powders. Based on these results, 

improved flowability is expected for the V6 powder, which contains lower content 

of particles smaller than 20 µm and a higher content of particles in the 53–75 µm 

range. Figure 4.13c) and d) display the volumetric frequency and their 

cumulative as a function of the particle's diameter for the V5 and V6 powders. 

Both powders exhibit symmetric, approximately normal distributions for their 

particle size, indicating a good batch of powders for the LPBF process. The 

median particle diameter is 39.6 µm for V5 and 44.1 µm for V6.  

Figure 4.13e) provides a direct comparison of the particle size 

distributions of V5 and V6 powders. The distribution curve for V6 is slightly shifted 

to the right, indicating a higher presence of coarser particles, which aligns with 

the results obtained from sieving. 
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Figure 4.13- The mass and accumulated fractions of the powder retained in each 

size range after sieving for a) V5 and b) V6; Particle size distribution of the batch 

a) b) 

c) d) 

e) 



81  

 

+20- -75 µm of c) V5 and d) V6 powders, and e) a comparison between V5 and 

V6 powders size distribution for the batch +20- -75 µm.  

 
 
 
 

The apparent density (ρa) and tapped density (ρt) of the powders were 

measured as 4.0 and 4.83 g/cm3 for V5, and 4.0 and 4.80 g/cm3 for V6, 

respectively. Based on these values, the Carr Index (CI = (ρt − ρa)/ρt) and the 

Hausner Ratio (HR = ρt/ρa), both commonly used as indicators of powder 

flowability [212], were calculated. The CI and HR values, summarized and 

compared with reference standards in Table 4.8, indicate fair flowability for both 

powders. This level of flowability suggests that the powders are suitable for LPBF, 

as they are unlikely to agglomerate and form a rather uniform powder bed. Carney 

flowability measurements yielded values of 0.85 ± 0.32 g/s for V5 and 1.25 ± 0.25 

g/s for V6. These results confirm that the V6 powder exhibits better flowability, 

consistent with expectations based on its particle size distribution. 

.   

 

Table 4.8- Comparison of V5 and V6 powder flow properties (Carr Index, CI and 

Hausner Ratio, HR) with reference values [212]. 

Flow Character  CI (%) HR 
Poor  >26 >1.35 
Passable 21–25 1.26–1.34 
Fair 16–20 1.19–1.25 
Good 11–15 1.12–1.18 
Excellent ≤ 10 1–1.11 
V5_Fe-based BMG(This study) 17 1.21 
V6_Fe-based BMG(This study) 17 1.20 

 
 

 

The morphology and surface characteristics of +20 - -75 µm V5 and V6 

powders are shown in Figure 4.14a) and b). The powders particles have a very 

smooth surface and the morphology is mostly spherical, although particles 

exhibiting a high aspect ratio can also be observed. Figure 4.14c)-f) shows SEM 

and optical images of polished cross sections of V5 and V6 powders. By these 

images, a composite microstructure is revealed for the powders, with some 
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particles fully glassy and some partially crystalline, with sporadic crystalline 

phases dispersed in a glassy matrix (see red arrows). By the OM images, one 

can see that the crystalline phases are etched while the glassy phases are 

corrosion-resistant, presenting as the unetched regions. From these images, it 

can be observed that the microstructure is not particle-size dependent, since 

particles of similar size can present different microstructures. In addition, for some 

powder particles, there are also some gas pores entrapped inside.  

 
 

  

  

  

  

a) b) 

c) d) 
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V5 V6 

Figure 4.14- Scanning electron images of the loose powders a) V5 and b) V6; 

the cross-section of the embedded powders c) V5 and d) V6, and optical cross-

section images of e) V5 and f) V6 embedded powders after etching. The red 

arrows in c) and d) indicate some crystalline phases.  

 
 
 

The chemical composition of V5 and V6 powders is shown in Table 4.9. 

The elemental contents are close to the target nominal compositions for both 

powders, except for the Si and O content, which are impurities from the raw 

commercial material. According to the literature, Fe-based BMGs are less 

susceptible to oxygen content when compared to Zr and Ti-based BMG, but still 

the oxygen can act as nucleation sites for crystallization, especially when the 

oxygen is present as oxides [103], reducing the GFA and leading to the formation 

of undesired crystalline phases [183]. Thus, a low oxygen content in Fe-based 

BMG powders is crucial to preserve the glassy structure and ensure optimal 

mechanical properties of additively manufactured parts [213], [214]. The oxygen 

content measured for V5 and V6 powders was 80 and 70 ppm, respectively, 

which can be considered as a low oxygen content. Li et al. [178] have reported 

that oxygen additions in the range of 0.02 at. % (0.0057 wt.% (57 ppm) to 0.15 

at. % (0.043 wt.% (430 ppm)) actually improve the GFA in a FeMoCSiBP BMG. 

For the same system, Stoica [103] have found an enhancement in the GFA when 

some foreign elements were present.  

 

 

e) f) 
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Table 4.9- Chemical composition measured by ICP-OES (Fe, Mo, P, B and Si) 

and LECO (C and O) of V5 and V6 +20 - -75 µm powders produced by gas 

atomization (%wt). 

V5   Fe Mo P C  B O Si 

 Targed 86.80 5.70 5.50 1.80 0.30 0 0 

 Actual 85.05 5.4 5.54 1.76 0.38 0.008 1.86 

 Deviation 0.99 0.73 0.23 0.02 0.02 0.001 0.09 

 Difference -1.75 -0.3 0,04 -0.04 0.08 0.008 1.86 

V6 
 Fe Mo P C  B O Si 

 Targed 83.26 9.29 5.40 1.74 0.31 0 0 

 Actual 81.15 9.01 5.63 1.68 0.43 0.007 2.09 

 Deviation 2.40 0.24 0.48 0.01 0.04 0.001 0.09 

 Difference -2.10 -0.28 0.23 -0.06 0.11 0.007 2.09 

 
 
 
 

Although crystalline phases were observed through microscopy analyses, 

for V5 and V6 +20 - -75 µm powders, only three peaks were revealed by XRD 

analyses, as shown in Figure 4.15. When compared to the fully glassy XRD 

patterns of the ribbons, three peaks are at the top of the main broad diffraction 

“halo” for the powders. As indexed in Figure 4.15 the main reflections correspond 

to α-Fe, γ-Fe and M23X6. The Bragg peaks have low intensities and are relatively 

broad, suggesting a sub-micron grain size and a low crystalline volume fraction. 

Thus, the results confirm the formation of a composite microstructure consisting 

of a glass matrix with uniformly dispersed refined crystalline phases. This is quite 

interesting, considering that the FeMoPCBSi system has been presented with 

relatively high GFA. Consequently, one could expect gas atomized powders to 

be fully glassy. This can be explained by the use of commercial raw materials to 

produce the powders, which may have influenced the GFA of the system. 

Crystallization was fully avoided only under the high cooling rates of melt spinning 

(104-106 K/s) [131]. 

 

 

https://www-sciencedirect-com.ez31.periodicos.capes.gov.br/topics/materials-science/x-ray-diffraction
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Figure 4.15- X-ray diffractograms of the ribbons and powders of a) V5 and b) 

V6. 
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To understand the crystallization process in the V5 and V6 gas atomized 

powders, different particle size ranges were investigated by XRD and DSC. 

Figure 4.16a) and b) show X-ray diffractograms of V5 and V6 powders, 

respectively. From these results, powders with a size <45 µm exhibit XRD 

patterns with only one broad diffraction peak without any evidence of crystalline 

phases, indicating a fully glassy microstructure. When the powders particles are 

in the range of 45 µm – 75 µm, one can see sharp reflections being superimposed 

on the broad glassy halo. For particles bigger than 75 µm, but lower than 150 µm, 

the XRD patterns present very sharp peaks, revealing the significant presence of 

crystalline phases, still embedded in a glassy matrix. In general, V5 and V6 

powders present quite similar XRD patterns, even though for the range of 75-150 

µm the crystalline peaks are more intense. The ICSD database was used for 

phase identification and the main crystalline phases matched with structures of 

α-Fe (Im3̅m) [215], γ-Fe (Fm3̅m) [216], M23X6 (Fm3̅m) [217], and Fe3P (I4̅) [218] 

crystalline phases.  

The thermal characterization of the V5 and V6 powders in different ranges 

is depicted in Figure 4.16c) and d). The DSC curves show clear traces of the 

glass transition with an apparent onset (Tg) at about 388°C and 394°C for V5 and 

V6 powders, respectively, measured using the midpoint method [219] shown in 

Figure 4.16e) and f) at a heating rate of 40 K/min. A plateau indicating the super-

cooled liquid region is observed in all curves, but is clearer for the powders with 

particle sizes <20 µm. There are in total four crystallization events (Tx1, Tx2, Tx3, 

and Tx4), where the largest crystallization enthalpy is observed for the second 

event. The total crystallization enthalpy for each range of V5 and V6 powders is 

presented in Table 4.10. The subsequent endothermic melting takes place in 

three steps, with the first onset close to 810°C. 
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Figure 4.16- X-ray diffractograms of a) V5 and b) V6 powders in different size 

ranges; DSC curves with marked points of the glass transition temperature Tg, 

a) b) 

c) d) 

e) f) 
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crystallization temperatures Tx, melting temperature Tm, and liquidus temperature 

Tl, of c) V5 and d) V6 powders in different size ranges; Midpoint method [219] 

used to determine Tg of e) V5 and f) V6 powders.  

 
 
 
 

Table 4.10- Area of the exothermic peaks in J/g for each range of size of V5 and 

V6 powders. 

Powder V5 V6 

 Area J/g 

<20 µm -112.5 -105 

20-32 µm -106.5 -105 

32-45 µm -105 -124 

45-53 µm -114 -99 

53-75 µm -108 -87 

20-75 µm -118 -112 

 
 

 
V5 and V6 ribbons were used as a reference for the glassy phase amount 

present in the +20- -75 µm V5 and V6 powders. Thus, Figure 4.17 compares the 

DSC curves of V5 and V6 powders and ribbons at two heating rates 20 K/min 

(Figure 4.17a) and b)) and 40 K/min (Figure 4.17c) and d)). At 20 K/min, V5 

powder had a degree of crystallization of ~15%, while V6 powder presented 

~36%. When 40 K/min was used, these percentages were about 0% and 10% for 

V5 and V6 powders, respectively. Such differences can be explained by the small 

size of the DSC’s samples, where the content of each particle size range can 

slightly differ from sample to sample and cause significant differences in the DSC 

signal. However, from the XRD results presented in Figure 4.15, one can see 

that the V5 and V6 powders’ patterns are very similar, and a similar degree of 

crystallinity would be expected. Interestingly, when ribbons were produced, V6 

alloy presented better GFA (Trg =0.55), see Table 4.6, whilst when powders were 

produced, V5 alloy showed better GFA (Trg =0.53), against a Trg =0.51-0.52, for 
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V6. It is worth noting that this variation may also be related to the uncertainty in 

the Trg values used to estimate the GFA of the alloys. 
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Figure 4.17- DSC curves of V5 and V6 samples: a) +20- -75 µm powders and b) 

ribbons at a heating rate of 20 K/min; c) +20- -75 µm powders and d) ribbons at 

a heating rate of 40 K/min. 

 
 
 
 
 

a) b) 
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4.4 LPBF experiments 
 

 

4.4.1. Omnitek machine (unheated substrate) 
 
 

Exploratory experiments were executed using the LPBF process to 

investigate the V5 and V6 powders’ flowability, as well as the behavior of deposits 

of a few layers (n=10) produced under different parameters of the process, 

especially laser power and scan speed. It was decided to begin with the worst-

case scenario, so the first experiments were using V6 powder (due to its lower 

GFA, as indicated in the powders’ results section). Different laser power and scan 

speed were used as shown in Figure 4.18a), combined with two laser strategies, 

as displayed in Figure 4.18b) and c). Here, the samples were labeled using a 

code in the format PX_VY, where: PX refers to the laser power used during the 

LPBF process, with X indicating the power in watts, and VY indicates the 

scanning speed, with Y corresponding to the velocity in mm/s. During the LPBF 

experiments, the powders did not present any issue relating to the flowability, and 

the samples produced, without and with remelting, are shown in Figure 4.18d) 

and e). From these pictures, it can be observed that the samples produced with 

the chessboard-like laser strategy are shinier than those produced using the uni-

directional laser strategy. Such a feature was expected, once the literature has 

reported the role of chessboard laser strategy in increasing the ability of glass 

formation for Fe-based alloys [182],[188]. It can also be observed that the 

remelting step makes the samples even shinier, which agrees with the increase 

of glassy content by the remelting strategy, as has been reported in the literature 

[146],[151],[182],[188]. To make these eye observations even clearer, the surface 

of the samples was investigated by optical microscopy, and the images of the 

respective samples are in Figure 4.18f). From these images, the observations 

related to glass formation/restoration “made by eyes” were confirmed, but now, it 

can be noticed that the chessboard strategy results in more porous samples, and 

that such porosity is reduced by the remelting step. While Pauly et al. [140] have 

reported higher porosity for samples produced with the chessboard laser 

strategy, others revealed the remelting step as a tool for glass restoration as well 

as samples’ densification [153],[182]. From our results, the remelting step also 
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seems to increase the cracks’ presence in the samples, but further investigations 

would be necessary to confirm such observation. Regarding laser power and 

scan speed, it is visible that 100 mm/s of scan speed is too low, consequently, 

the samples have a dark appearance. When the laser power is increased above 

210 W, the dark appearance is revealed for samples with 200 mm/s as well. The 

dark appearance is less evident for the samples produced using the chessboard 

laser strategy, and even less for those remelted ones.  

 

 

 
      Uni-directional laser strategy                           Chessboard-like laser strategy   

  

6 mm  

 
 

d) e) 

a) 

b) c) 
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Figure 4.18- Results of the exploratory V6 LPBF experiments. a) Scheme of 

samples position with laser power (P) and scanning speed (V) used, b) and c) 

scheme of the two laser strategies used; d) and e) view of the LPBF samples, 

side-by-side, without and with remelting step and f) optical microscopy imagens 

of the LPBF samples’ surface produced with the two laser strategy, without (blue 

mark) and with (red mark) remelting.  

 

 

 Since the best results in the V6 LPBF experiments were obtained using 

the chessboard-like laser strategy, this same strategy was adopted for the 

exploratory LPBF experiments with the V5 alloy. The produced samples are 

shown in Figure 4.19a). At a general glance, they appear similar to those of V6 

fabricated under the same conditions. As with the V6 LPBF samples, the 

remelting step enhanced the shiny appearance and reduced porosity. However, 

as observed in the surface optical microscopy images of the V5 LPBF samples 

(Figure 4.19b)), there are more regions with brighter contrast in the V5 samples 

compared to the V6 samples when no remelting was applied (indicated by blue 

marks). This may suggest a better GFA in the V5 alloy, consistent with the 

observations from the powder results. Conversely, for samples processed with 

the remelting step (indicated by red marks), the V6 LPBF samples exhibited more 

prominent bright regions This suggests that remelting is an effective strategy for 

increasing the glassy phase in the V6 LPBF samples. 

 

 

f) 
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Figure 4.19- Results of the exploratory V5 LPBF experiments using chessboard 

laser strategy: a) view of the samples, side-by-side, without and with remelting 

step and b) optical microscopy images of the surface for the LPBF samples 

produced without (blue mark) and with (red mark) remelting.  

 

 

 V5 and V6 LPBF samples produced using the chessboard laser strategy 

and remelting step were selected for further investigation. As shown in the 

appendix (see Figure A.2a) and b)), the cross-section of these samples was 

prepared by grinding and polishing, and the OM images reveal their integrity. 

From these images, the most suitable range of parameters, considering the range 

investigated in this work, was in the interval of 90-210 W of laser power and 300-

900 mm/s of scan speed. Thus, these four extreme combinations, named as 

P90_V300, P90_V900, P210_V300, and P210_V900, were selected to be 

studied in more detail. The corresponding energy input in J/mm3 is 200 

(P90_V300), 67 (P90_V900), 467 (P210_V300), and 156 (P210_V900).  

 Figure 4.20 shows the XRD and DSC results of the selected V5 and V6 

LPBF samples (P90_V300, P90_V900, P210_V300, and P210_V900). From V5 

a) 

b) 
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and V6 LPBF XRD patterns (Figure 4.20a) and c)), it is confirmed the formation 

of a composite microstructure, where crystalline α-Fe, M23X6 (M=Fe or Mo, and 

X=C or B), and Fe3X (X=P or C) phases are together with a glassy matrix 

(confirmed by the glassy broad peak, similar to the powders’ XRD). By the XRD 

patterns, both alloys can form the same crystalline phases; however, they formed 

in different amounts. While the α-Fe peaks are more intense in V5 LPBF samples, 

the peaks corresponding to the M23X6 phase are more intense in V6 LPBF 

samples. Additionally, for both alloys, the Fe3X peaks are intensified when the 

higher energy (467 J/mm3) input is used to produce the samples (P210_V300). 

Considering the different combinations of parameters, no significant differences 

were observed in the XRD diffractograms. The DSC curves for the V5 and V6 

LPBF samples are shown in Figure 4.20b) and d). The curves had the same 

character with two overlapping crystallization events. Considering V5 LPBF 

samples, produced with different combinations of parameters, no significative 

difference was observed in DSC curves. For these samples, Tg was about 450°C, 

and on average 28 J/g was released for the crystallization of the glassy phase. 

For V6 LPBF samples, those produced with the same laser power had similar 

DSC curves. While the P90 samples released about 12 J/g, those using P210 

released about half ~ 6 J/g for the crystallization event. Except for the P210_V300 

sample, Tg was around 460°C for the V6 LPBF samples. The results show that 

V5 can form glassy phases more easily than V6 when processed by LPBF. So, 

for V6, increasing laser power decreases the amount of glass, even when the 

scan speed of the laser is increased. Agreeing with the powders’ results, V5 has 

better GFA than V6 by the LPBF process as well.  
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Figure 4.20- X-ray diffractograms and DSC curves of the selected LPBF samples 

produced with chessboard laser strategy and using remelting step for V5 alloy a) 

and b), and V6 alloy c) and d). 

 

 OM images of the etched cross-section of the selected V5 and V6 LPBF 

samples are displayed in Figure 4.21a) and b). From these images, the molten 

pool profile is not so clear, except for V5 LPBF samples produced with P210. 

Nevertheless, regions with bright and dark contrasts can be clearly observed. 

Since crystalline phases are more easily etched than glassy phases, the dark 

contrast is correlated to the crystallized areas, while the bright contrast (unetched 

regions) is associated with the glassy-rich areas. The crystallized areas are the 

Heat Affected Zone (HAZ), which resulted from the crystallization of the 

a) b) 

c) d) 
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overlapping glassy regions during the melting of the neighboring melt pools. Most 

likely as a result of the remelting step, the glassy phase is randomly distributed, 

forming distinct regions with crystalline boundaries, similar to what has been 

previously reported by [151]. In addition, it was revealed that the samples 

produced with the higher energy input, P210_V300, are heavily cracked along 

the whole deposit thickness.  

 

 

 

 

a) 
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Figure 4.21- Optical microscopy images of the etched cross-section of LPBF 

samples, produced using P90_V300, P90_V900, P210_V300, P210_V900 for a) 

V5 and b) V6.  

 

 

 Intrinsic properties of materials such as atomic bonding strength and 

bonding energy are typically reflected through hardness and Young's modulus 

measurements [220]. Thus, the hardness and Young's modulus were 

investigated for the glassy and crystallized regions of the LPBF samples. Due to 

the small dimensions of specific melt pool regions, nanohardness measurements 

were considered. Curves of load versus displacement obtained for the individual 

molten pool regions of V5 and V6 LPBF samples are presented in Figure 4.22a) 

b) 
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and d), respectively. For V5 LPBF samples (Figure 4.22a)), independently of the 

combination of parameters used, the glassy-rich regions (inside melt pool) were 

always slightly softer than the crystallized ones (HAZ=border of melt pool). 

According to the literature, the free volume in a glassy microstructure typically 

features larger interatomic distances and lower atomic bonding energy compared 

to a crystalline microstructure [221]. It can justify the lower hardness of the glassy-

rich regions. Authors [207], [222] also have found higher hardness in the 

crystallized regions by nanoindentation tests of a LPBF Fe-Co-B-Si-Nb BMG. 

They assert that the precipitation of crystallite in the glassy matrix for the HAZ 

can reinforce it, leading to a slight increase in nanohardness. These authors 

[207], [222] still concluded that the differences in the hardness values of the two 

regions (glassy-rich and HAZ) are almost negligible, and the same is observed in 

the present work. Others [223] suggested a gradual increase in the hardness of 

LPBF samples as a function of increasing the energy input up to a certain limit, 

from which the hardness tends to drop with further increases in energy input. 

From the P90V300 sample, an increase in P (P210_V300) or in V (P90_V900), 

or even in P and V together (P210_V900), slightly softens both regions (glassy 

and crystallized), but no significant differences can be observed. It indicates that 

the influence of processing parameters on the hardness of glassy-rich and 

crystallized regions is very low. It is expected that if different parameter 

combinations result in samples with the same composite microstructure, i.e., with 

the same phases, independently of the parameters used, the hardness of each 

region (glassy-rich and crystallized) in different samples should be maintained. 

As the hardness of glassy-rich and crystallized regions was quite similar, a mean 

hardness for each sample was calculated and is presented in Figure 4.22b). A 

mean Young’s modulus for the samples is also given in Figure 4.22c). From the 

results, considering the standard deviation of the measurements, all samples 

have an equivalent hardness of about 12.5±1.7 GPa and Young’s modulus 

around 201.5±13.7 GPa.  

 Differently, for V6 LPBF samples, the load versus displacement curves 

(Figure 4.22a)) reveal that the glassy-rich (bright) and crystallized (HAZ) regions 

have similar hardness, but, in some cases (low laser power (P90)), the glassy-
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rich regions are slightly harder than the crystallized regions. According to the 

Hofmann et al. [150], the presence of a crystallized phase in the HAZ decreases 

the LPBF sample's hardness. Luo et al. [207] have reported that the hardness of 

glassy and HAZ regions can change with the LPBF processing parameters due 

to two aspects: 1) the presence or absence of finer grains in the melt pool center 

(glassy-rich region) and 2) the partial or complete crystallization of HAZ. It is 

explained that when the glassy regions are rich in finer grains, they are harder 

than the HAZ, whilst the HAZ is harder than the glassy regions when it is partially 

crystallized, i.e., not fully crystallized [207]. Due to the similarity of hardness and 

modulus for the two regions, an average of these properties for each sample was 

calculated, and it is displayed in Figure 4.22e) and f). Considering the standard 

deviation, the samples have similar hardness, on average 11.75±2.6 GPa, and 

Young’s modulus around 200±13.4 GPa. It is noteworthy that these values are 

comparable to those obtained for V5 LPBF samples. 

 

  



100  

 

 

15

11

12

12

0

5

10

15

20

25

 P210V900P210V300P90V900

H
IT
 (

O
&

P
) 

[G
P

a
]

P90V300

Nanohardness Vickers V5 alloyb)

Sample  

216
193

187

210

0

100

200

300

Sample

c)

 P210V900P210V300P90V900P90V300

Nanohardness Vickers V5 alloy

E
IT
 (

O
&

P
) 

[G
P

a
]

 

a) 



101  

 

 

8

14

13 12

0

5

10

15

20

25

Sample

e)

P210V900P210V300P90V900P90V300  

Nanohardness Vickers V6 alloy

 
H

IT
 (

O
&

P
) 

[G
P

a
]

 

188

202 218
192

0

100

200

300

Sample

f)

 P210V900P210V300P90V900P90V300

E
IT
 (

O
&

P
) 

[G
P

a
]

Nanohardness Vickers V6 alloy

 

Figure 4.22- Nanoindentation load-displacement (L-D) curves in different regions 

of a) V5 and d) V6 LPBF samples. Mean of b) and e) nanoindentation hardness 

(HIT), and c) and f) Young’s modulus (EIT) for V5 and V6 LPBF samples.  

 

 

 

d) 
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The backscattered electron (BSE) images of the selected V5 and V6 LPBF 

samples reveal very similar contrasts. Thus, only one sample (P210_V900) of 

each alloy was selected as a representative one, and the microstructure is shown 

in Figure 4.23. For V5 (Figure 4.23a), b), and c)), the molten pool shape is very 

unclear, but the glassy-rich and HAZ regions are distinguished as indicated in 

Figure 4.23b). Differently, for the V6 LPBF sample (Figure 4.23d), e), and f)), 

the molten pool is well evidenced with the glassy-rich region located in the center 

of the melt pool and the HAZ region as the border of the molten pool. While V6 

shows continuous HAZ (crystallized regions), V5 presents non-continuous HAZ 

embedded in a featureless glassy matrix. The glassy-rich regions are represented 

by a homogeneous and featureless microstructure. Even though the same 

amount of energy was used to produce the samples (156 J/mm3), it seems the 

temperatures achieved in the HAZ of V5 caused coarser crystallization than the 

temperatures reached in V6 HAZ. Whilst the HAZ of V5 is rich in dendrites of ~1-

5 µm in size (see Figure 4.23c)), the HAZ of V6 is full of round and small (~1 µm) 

black and white crystalline phases (see Figure 4.23f)).  

 

 

   

a) b) c) 

b 

c 

HAZ 

Glassy-rich 
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Figure 4.23- Representative SEM images of P210_V900 LPBF samples for V5 

a), b) and c), and V6 d), e), and f). 

 

 

4.4.1. AconityMini machine (heated substrate) 
 

 

In order to reduce cracking in the LPBF samples, the use of a heated 

substrate was considered. Taking into consideration the results of the exploratory 

experiments executed in the Omnitek machine, the suitable process window 

(interval of 90-210 W of laser power and 300-900 mm/s of scan speed) was used. 

A scheme of the laser strategy, laser power and scan speed is shown in Figure 

4.24a).   

The samples produced in these experiments also used the remelting step, 

but now, on a 316L steel heated substrate (200°C). The visual appearance of V5 

and V6 LPBF samples as-produced is presented in Figure 4.24b) and c). For 

P>170 W, combined with V<600 mm/s, the samples presented the super-

elevation phenomenon at around 0.8mm height, and the production of these 

samples was stopped. When the remaining samples reached 1.2 mm height, 

those using P>170 W and V>600 mm/s also started to get super-elevation, so the 

whole process was stopped at this height. The samples that appeared to be fine 

during the process were detached from the substrate, as shown in the right-side 

images in Figure 4.24b) and c). 

The cross-section OM analyses of V5 and V6 LPBF samples revealed that 

most of the samples are super porous (see Figure A.3 in Appendix), the only 

d) e) f) 

e 

f 

Glassy-rich 

HAZ 
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exception was those produced using 90 W combined with scan speeds higher 

than 600 mm/s. In addition, the cracks were not reduced, and then, only for 

comparison, two samples were selected to be analyzed by DSC, P90_V900 and 

P210_V900.  

 

 

 

 

 

b) 

a) 
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Figure 4.24- a) Scheme of the unidirectional chessboard/island laser strategy 

and samples position with laser power (P) and scanning speed (V) used to 

produce the samples; and images of the as-built LPBF samples for b) V5 and c) 

V6 alloy. 

 

 

The DSC curves of the V5 and V6 LPBF samples (P90_V900 and 

P210_V900) are shown in Figure 4.25a) and b). The absence of exothermic 

events in both curves indicates that the samples have fully crystalline 

microstructures. SEM analysis was conducted to further investigate their 

microstructural features. As V5 and V6 were processed using the same 

parameter sets and exhibited similar microstructures, only the micrographs of the 

V6 sample are presented in Figure 4.26. Both samples display fully crystalline 

structures; however, the P90_V900 sample (Figure 4.26a), b), and c)) shows a 

finer microstructure with rounded phases approximately 1–2 µm in size. In 

contrast, the P210_V900 sample (Figure 4.26d), e), and f)) contains phases of 

varying shapes and sizes, predominantly dendritic, ranging from 5–10 µm. These 

results suggest that the processing conditions for both samples were insufficient 

to suppress crystallization. Moreover, the higher energy input of 156 J/mm3 used 

for P210_V900 led to significant coarsening in the heat-affected zone (HAZ), 

whereas the lower energy input of 67 J/mm3used for P90_V900 resulted only in 

the precipitation of fine-scale crystals (<2 µm).  

 

 

c) 
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Figure 4.25- DSC curves of the LPBF samples produced using a heated 316L 

steel substrate (200°C) with P90_V900 and P210_V900 for a) V5 and b) V6.  

 

 

 
  

   

Figure 4.26- Representative SEM images of V6 LPBF samples produced using 

a), b) and c) P90_V900 and d), e) and f) P210_V900. 
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4.4.2. Acconity Midi+ machine  
 

The most promising process parameters obtained in the previous 

experiments, i.e., 90, 130, 170 and 210 W of laser power, and 700 mm/s of scan 

speed, combined with remelting and unheated 1020 carbon steel substrate were 

tested as a starting point in the search of producing good bulky samples using 

the Acconity Midi+ machine. Herein, uni-directional/single strategy (SN), uni-

directional/single random strategy (SR), and chessboard/island (Chess) were 

tested.   

 It was decided to initially process V6 powder, and the first round of LPBF 

samples is shown in Figure 4.27. The samples produced in this round exhibited 

poor quality, primarily due to inadequate structural integrity. It was not even 

possible to handle them to carry out other analyses, and the main defects and 

anomalies encountered during the samples production were: 1) Super-elevation, 

which refers to the phenomenon where the height of the printed part exceeds the 

intended or expected layer height. It can be due to various factors, including 

improper combination of parameters and thermal effects. 2) Residual 

stress/distortion, which is normally inherent to the AM process due to the small 

size of the molten pool and the repeated heating/cooling cycles. However, when 

it is intensified by an improper combination of parameters it can cause excessive 

cracking and delamination in macroscopic or microscopic scale. 3) Flaking, refers 

to the delamination or peeling off of material from the printed part, often due to 

thermal stresses or poor adhesion as a result of using unappropriated process 

parameters as laser power, laser scanning speed, hatch distance and printing 

conditions[224]. Taking into consideration the results of this experiment, it was 

decided to change the parameters one by one, always following what the 

previous samples indicates as a good processing direction.  
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Figure 4.27- Main defects and anomalies encountered during production of the 

LPBF samples. 

 

 

To obtain intact samples, the following parameters test sequence was 

employed (for reference, see the specified samples’ rounds in appendix Figure 

A.4): 

1) Different combinations of parameters for melting and remelting (2° round).  

2) Increase the layer thickness from 50 µm to 70-90-100 µm (3° to 5°rounds).  

3) Change the samples’ geometry, (4°, 5°, 7° and 8° rounds).  

4) Increase the hatching distance from 30 µm to 40 and 50 µm, (6° round). 

5) Adjust the laser power for the melting (7° round). 

6) Adjust the laser scan speed for the melting (8° round). 

7) Finding a suitable combination of melting and remelting’s scan speed (9° 

round). 

8) Changing the material of the substrate from CK45 to 316L stainless steel 

and heating the substrate at 150°±20°C (10° round). 

9) Adjusting the combination laser power/scan speed for the melting (11°, 

12° and 13° rounds). 

10)  Using high scan speed for remelting (>1000 mm/s), produce samples 
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without remelting, change geometry and size of the samples (14° to 16° 

rounds). 

11)  Changing samples’ size and printing direction (0°, 45° and 90°), (17° to 

22° rounds).  

12)  Decrease laser power and change laser scan strategy, (23° to 28° 

rounds). 

 

Regarding the influence of each tested parameters on the integrity of the 

V5 and V6 LPBF samples, a summary can be given:  

The remelting step, using the same combination of parameters used in 

the melting, drastically compromised the integrity of the samples. When the 

energy input is high, the samples get very porous and the surface becomes super 

elevated in at least 10 times higher than the layer level. When the energy input is 

low, the samples are severe cracked and is not possible to manually handle them. 

Even though the literature [153], [182] highlight remelting as a promising 

approach for vitrification, in this work was observed that the remelting step acted 

intensifying the presence of cracks and devitrifying the glassy phases. This could 

be expected, since the glassy phase formed during the melting can easily be 

decomposed into crystalline phases, during the remelting, especially when the 

same combination of parameters of the melting is used for remelting. In this case, 

the molten pool dimensions are the same, and most of the glassy regions can 

suffer heat treatment enough to crystallization. The use of different parameters 

combinations for melting and remelting implies in different amount of energy 

inputs for each step. While the combination high/low energy input could, 

according to the literature [225], acts densifying and vitrifying the samples, in 

practice, using this sequence the vitrification promoted by the remelting is 

completely consumed by the subsequent melting. In this direction, only the last 

remelted layer can maintain its glassy phase, and in the end, the sample seems 

to be fully glassy (as can be seen in Figure 4.28), but it is actually only a 

superficial glassy coat.  

 



110  

 

 

Figure 4.28- Image of LPBF samples produced using the combination of high/low 

energy input for melting/remelting, showing a glassy visual aspect. 

 

 

On the other hand, the low/high energy input combination would not make 

any logical sense, and the explanation follows what was mentioned before. 

Figure 4.29 shows the influence of remelting step, when using a combination of 

parameters different of the melting. One can see that all the samples are heavily 

cracked, especially when the tested scan speed of the remelting was the lowest 

(1000 mm/s), combined with the chessboard laser strategy. The best samples 

produced in this work were those without remelting step.  
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Figure 4.29- LPBF samples produced using different combinations of parameters 

for melting and remelting, as specified in the image. The influence of different 

(1000, 2000, and 3000 mm/s) scan speeds for the remelting is shown. 

 
 

To reduce the influence of the subsequent layer on the previous layer, the 

layer thickness was investigated. It was decided to increase the layer thickness 

taking into consideration that thicker layers reduce the energy input, which could 

reduce the super elevation phenomenon, and that thicker layers imply in lower 

number of layers to build the final height of the sample, reducing as so the number 

of repeated heating/cooling cycles. In this study, it was observed an improvement 

of the samples’ integrity when the layer thickness was gradually increased up to 

100 µm.  

When samples with acceptable integrity were produced, the super 

elevation phenomenon was still present, so the influence of hatching distance 

was explored. It was decided to increase the hatching distance from 30 µm to 40 

µm and 50 µm to reduce the energy input and the overlap between tracks. The 

experiments showed severe cracking when the hatching distance was increased 

(see Figure 4.30a) and b)), then it was decided to continue the investigations 

using 30 µm of hatching distance.  
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Figure 4.30- Image of the LPBF samples produced with the same combination 

of parameters, but different hatching distance a) 40 µm and b) 50 µm. 

 

 

The phenomena presented by an unadjusted combination of parameters 

can appear to a greater or lesser degree depending on the samples’ geometry 

and size. Here, the super elevation phenomenon was intensified in samples with 

a smaller surface area (see Figure 4.31a)). Cylindrical samples exhibited a 

greater tendency to crack compared to the square samples of the same height, 

produced using the same combination of parameters (see Figure 4.31b)). In 

addition, for the same sample’s geometry, the smaller ones tend to crack less 

than larger ones (Figure 4.31c)).   

 

 

 

 

 

 

a) b) 

h=40 µm h=50 µm 
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Figure 4.31- Image of LPBF samples showing the influence of: a) surface area, 

b) samples’ geometry, and c) samples’ size on the samples’ integrity. Yellow 

arrows indicate super elevation phenomenon, white arrows indicating cracks and 

red arrows are showing the direction of cracking increasing.   

 

 

Three different laser scan strategies were tested for melting and 

remelting. Single normal (SN) laser strategy was suitable for melting and 

remelting, especially for melting, and when combined with appropriate 

parameters it can successfully densify and vitrify the samples. Single random 

(SR) laser strategy was not suitable for melting (densification), because it causes 

a mess in the powder layer (extensive spatter generation). For remelting, it seems 

promising for vitrifying, but as mentioned before, depending on the parameter 

combination it does not help. Chessboard/island was a promising laser strategy 

to increase the vitrification, however, due to the melting pattern, pores can easily 

be formed. In addition, when chessboard strategy is used with the inappropriate 

parameters, thermal stress seems to be intensified, inducing severe distortions. 

Figure 4.32 shows the influence of SR and chessboard laser strategies for the 

remelting step. One can see that, when the chessboard strategy is used, the 

samples are heavily distorted/cracked.  

a) b) 

c) 
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Figure 4.32- Image of the LPBF samples produced with the same combination 

of parameters, but using different laser strategies for remelting a) Single normal 

and b) Chessboard/island. 

 
 
 

The influence of substrate’s material on the samples’ integrity is driven 

by the similarities or dissimilarities between the two materials and their properties. 

The similarities between the substrate and printed material improve the wettability 

and bonding of the printed parts. Differently, when the properties of the material’s 

substrate are too dissimilar from the printed material the adhesion is poor and 

delamination can occur in the firsts 15 layers. The continue of printing, can result 

in samples with a well cracked base and poor quality. Additionally, regarding 

samples’ integrity, the temperature of the substrate affects the thermal stresses 

of the printed material. By heating the substrate, the thermal stresses can be 

reduced, which can reduce the cracking tendency. The alloys studied in this work 

presented a better affinity with 316 L stainless steel than with CK 45 carbon steel. 

When the substrate was heated at 150±20°C the samples also showed better 

quality with fewer cracks at the base.  

The laser power and scan speed combination was decisive for 

processing the alloys in this work.  While high laser power (>100 W) or low scan 

speed (<400 mm/s) were being used to densify the samples, phenomena as 

super elevation, rough finishing surface, larger cracks and undesirable 

a) 

b) 
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dimensions were always linked to this condition. On the other side, low laser 

power (<100 W) or high scan speed (>500 mm/s) were used to dimensional 

control and vitrification, but in this condition, pores and thin cracks (not seen by 

eye) were always an issue. Thus, the range of 50-90 W for laser power, and 400-

600 mm/s for scan speed was the most suitable window to process the studied 

alloys.  

After numerous attempts, intact samples of the V5 and V6 alloys were 

finally produced. However, even at this stage, the samples exhibited a pore 

fraction of approximately 2–7% and a crack fraction between 0.5% and 3%. 

Detailed results can be found in Appendix Figure A.5, for V5 and V6. Among this 

set, the sample with the best overall integrity and flattest surface was selected for 

further investigation, with results summarized in Figure 4.33. Due to the similarity 

between the V5 and V6 results, only the V6 results are presented here. The 

optical microscopy (OM) and scanning electron microscopy (SEM) images in 

Figure 4.33a) and Figure 4.33b) reveal that the microstructure is nearly fully 

crystalline, featuring phases enriched in Fe, Mo, or P, as confirmed by SEM-EDS 

mapping. The DSC curve in Figure 4.33c) further confirms that the microstructure 

contains approximately 1% glassy phase. 

As 1% of the glassy phase is a very low fraction, further parameter 

adjustments were made to increase the glassy phase content while reducing 

porosity and crack formation. 
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Figure 4.33- a) Optical microscopy image (etched sample), b) SEM image 

together with elemental EDS maps using Fe-K, Mo-L, P-K, C-K, B-K, Si-K, and 

c) DSC curve for a V6 LPBF sample. 

 

 

Figure 4.34a) shows slice OM images viewed from the side of the LPBF 

4x4x4 mm cubes produced using different laser power and scan speeds within 

the appropriate processing window for V5 and V6. When varying the laser power 

while keeping the scan speed constant and all other parameters at their default 

values (layer thickness: 100µm, hatching distance: 30 µm, SN laser strategy, 

substrate of 316L at 150±20°C), it is expected that lower power results in a thinner 

and shallower melt pool and, consequently, a narrower scan track, leading to lack 

of fusion between adjacent tracks and between subsequent layers. This can be 

seen in the images of 400 and 500 mm/s, as the power increases (in the series 

of images for 400 and 500 mm/s), there is an optimal value for minimizing 

porosity, beyond which a gradual increase in randomly dispersed, round-shaped 

pores is observed. These round-shaped pores are associated with keyhole mode 

porosity, which occurs when excessive laser power generates a deep melt pool 

c) 
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with intense dynamics, leading to vapor entrapment as the melt pool advances 

and the vapor cavity collapses. In the intermediate regime where porosity is 

minimized, only small spherical pores are observed – these are likely 

metallurgical pores resulting from trapped gas between powder particles. In the 

series of images in Figure 4.34a) it is clear that the keyhole mode porosity 

increases in quantity with increasing power at 300 and 400 mm/s. The 

quantitative porosity, cracks, and pore+crack values are plotted in Figure 4.34b). 

It is shown, as expected, that the optimal laser power for minimal porosity is 

higher at higher scan speeds, i.e., 70 W_300mm/s; 80W_400mm/s, and 90 

W_500 mm/s. On the other hand, for crack and pore+crack percentage, the 

behavior is not linear. Thus, considering a balance between flat surface, few 

cracks and lower porosity, the samples produced using 70 W_400mm/s, and 80 

W_600 mm/s were selected to be further investigated.   

It is important to note that the samples produced using 70 W_400 mm/s 

and 80 W_600 mm/s were also subjected to remelting, applying different energy 

densities (14, 18, and 23 J/mm³) in combination with SN and chess laser scanning 

strategies. In all cases, the remelted samples showed a similar pore fraction 

compared to those without remelting but, exhibited an increase in crack 

percentage of approximately 15%, which justifies the omission of their results 

from this section. 
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Figure 4.34- a) Schematic with OM images showing the microstructure of etched 

4×4×4 mm LPBF samples as a function of laser power (W) and scan speed 

(mm/s). b) Quantitative porosity, crack and pore+crack percentage of LPBF 
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samples as a function of parameter combinations. Green markers indicate the 

samples selected for further investigation. 

 
 

Since sample height and printing direction are also LPBF process 

parameters, the best parameter combinations identified in previous experiments 

(70 W_400 mm/s and 80 W_600 mm/s) were tested on 4x4x8 mm samples and 

printed at 0°, 45° and 90° with respect to Z-axis for both V5 and V6 alloy. The 

quantitative results for porosity, cracks, and the combined percentage of pores 

and cracks, along with their corresponding representative etched OM images, are 

shown in Figure 4.35a) for the V5 alloy and Figure 4.35b) for the V6 alloy. 

Compared to the expected pore percentage (0.5–0.6%), the V5 LPBF samples 

generally exhibited a lower percentage (<0.4%) (see Figure 4.35a)), while the V6 

LPBF samples showed values close to the expected pore percentage (~0.5%) 

(see Figure 4.35b)). In contrast, regarding crack percentage, the V5 LPBF 

samples fell within the expected range (1.0–1.5%), whereas the V6 LPBF 

samples exhibited higher crack percentages, exceeding 1.5%. For both alloys, 

the combined percentage of pores and cracks generally increased with the 

printing angle, from 0° to 90°. Previous study [123] have shown that increasing 

the printing angle tends to result in a higher occurrence of defects such as pores 

and cracks. As the laser scans longer distance in comparison to samples built at 

0°, the probability of defect formation increases, potentially leading to lower 

density. The influence of sample orientation on the porosity of LPBF parts has 

also been previously reported by other researchers [226].  

The Archimedes density was measured for V5 and V6 LPBF samples 

produced with 70W_400mm/s, combined with SN laser strategy, built at 0°, 

without remelting, and using a 150°C heated 316L steel substrate. Compared to 

the theoretical density of V5 (7.52 g/cm3) and V6 (7.65 g/cm3), the measured 

Archimedes densities of 7.11±0.06 (V5 LPBF), and 7.22±0.06 g/cm3 (V6 LPBF), 

are equivalent to a density of 94.5% and 94.4% for V5 and V6, respectively.  

When the V5 and V6 LPBF samples were printed at 0° using the same 

parameters but with the chessboard laser scan strategy (see Figure 4.35c)), the 

percentage of pores and cracks increased significantly—by at least 10 times for 
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pores and twice for cracks. The worst results were observed with the 

80 W_600 mm/s condition, corresponding to a lower energy input (44 J/mm³). 

This behavior can be attributed to insufficient overlap between the scan islands; 

when the overlap is inadequate, large lack-of-fusion (LoF) defects may form. The 

literature has also reported a decrease in sample density due to an increase in 

defects when the chessboard strategy is applied [227]. Interestingly, under the 

chessboard strategy, the V6 alloy showed better results than the V5 alloy in both 

parameter conditions (70 W_400 mm/s and 80 W_600 mm/s). 
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Figure 4.35- Quantitative porosity, crack and pore+crack percentage of 4×4×8 

mm LPBF samples produced with 70 W_400 mm/s and 80 W_600 mm/s as a 

function of printing direction (0°, 45°, and 90°), along with their corresponding 
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representative etched OM images for: a) V5 alloy, and b) V6 alloy. c) Porosity 

and crack percentage behavior of 4×4×8 mm V5 and V6 LPBF samples built at 

0° using the chess scan strategy with 70 W_400 mm/s and 80 W_600 mm/s. 

 

 

 

To investigate the potential for increasing the glassy phase content in the 

LPBF samples, the laser power was reduced to 60 W and 50 W and tested with 

scan speeds ranging from 100 to 500 mm/s. A schematic with OM images 

showing the microstructure of unetched and etched 4×4×4 mm LPBF samples for 

the V5 and V6 alloys is presented in Figure 4.36a) and Figure 4.36c), 

respectively. As expected, the optimal scan speed for minimizing porosity was 

lower at lower laser power—specifically, 60 W_200 mm/s and 50 W_100 mm/s. 

The presence of cracks was reduced, for the same direction (decreasing scan 

speed) although not entirely eliminated. However, by reducing scan speed, the 

white contrast observed in the etched samples (indicative of the glassy phase) is 

clearly diminished. Quantitative comparison of the results for 50 W and 60 W in 

both V5 and V6 samples (see Figure 4.36b) and Figure 4.36d)) shows that the 

samples processed with 60 W are better, with a lower combined percentage of 

pores and cracks. Consequently, the V5 and V6 LPBF samples produced at 60 W 

with scan speeds of 200 mm/s and 500 mm/s (highlighted with green circles) were 

selected for further investigation. 
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Figure 4.36- Schematic with OM images showing the microstructure of unetched 

and etched 4×4×4 mm LPBF samples as a function of laser power (W) and scan 

speed (mm/s) for: a) V5 alloy, and c) V6 alloy. Quantitative porosity, crack and 

pore+crack percentage of LPBF samples as a function of parameter 

combinations for: b) V5 alloy, and d) V6 alloy. Green markers indicate the 

samples selected for further investigation. 
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Samples of the V5 and V6 alloys were produced using 50 W and 60 W 

laser power, combined with scan speeds ranging from 100 to 500 mm/s, printed 

at 0° and using the chessboard laser scan strategy. The quantitative results for 

porosity, cracks, and the combined percentage of pores and cracks, along with 

their corresponding representative etched OM images, are shown in Figure 

4.37a) for the V5 alloy and Figure 4.37b) for the V6 alloy. As can be seen, for a 

fixed laser power, the white contrast—indicative of the glassy phase—increases 

with increasing scan speed. However, porosity and crack formation also increase 

in the same direction. Once again, the samples processed at 60 W yielded better 

results. Nonetheless, compared to those produced with the SN scan strategy, the 

combined pores and cracks percentage is significantly higher when using the 

chessboard strategy—at least twice as high at lower scan speeds, and above five 

times higher at higher scan speeds. In addition, using the chessboard laser scan 

strategy, the V6 alloy showed better results than the V5 alloy. Based on the 

results, the samples produced at 60 W with scan speeds of 200 mm/s and 

500 mm/s were selected for further investigation. 
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Figure 4.37- Quantitative porosity, crack and pore+crack percentage of etched 

4×4×8 mm LPBF samples produced with 50 W and 60 W and chessboard laser 
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strategy at 0° as a function of scan speed (100-500 mm/s), along with their 

corresponding representative etched OM images for: a) V5 alloy, and b) V6 alloy.  

 

 

4.4.2.1 Chemical and microstructural characterization  

 

 

Table 4.11 displays the chemical composition of V5 and V6 +20 - -75 µm 

powders and LPBF samples (%wt.) measured by ICP-OES (Fe, Mo, P, B and Si) 

and LECO (C and O). Because the energy input used to produce the LPBF 

samples can be high enough to cause selective evaporation of alloying elements, 

it is essential to analyze the chemical composition of the samples. Zhang et al. 

[112] have reported that the preferential evaporation of specific elements can 

inevitably lead to deviations from the nominal alloy composition, which in turn 

change the alloys properties. Comparing the measured chemical compositions 

with the target values, a slight decrease was observed in the Fe, Mo, and C 

contents, while P and B showed a slight upward deviation. Additionally, the 

presence of O and Si in the alloys was expected, due to the use of commercial 

raw materials and oxygen contamination occurring during atomization and LPBF 

processing. Nonetheless, considering the standard deviation of the 

measurements, the chemical composition of the alloys remains close to the 

nominal values.  

For both alloys, a comparison between the oxygen content of the powders 

and that of the LPBF samples (see Table 4.11) reveals an increase—

approximately fourfold for V5 and twofold for V6. This observation aligns with 

findings in the literature [228], which show that LPBF parts generally exhibit 

higher oxygen content than the starting powders. This increase occurs despite 

the use of high-purity argon atmospheres, as residual oxygen levels can persist 

and react with the molten metal, especially at the high temperatures of the laser-

induced melt pool. 
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Table 4.11- Chemical composition measured by ICP-OES (Fe, Mo, P, B and Si) 

and LECO (C and O) of V5 and V6 +20 - -75 µm powders and LPBF samples 

(%wt.).  

 V5 Samples Fe Mo P C  B O Si 

Targed 86.80 5.70 5.50 1.80 0.30 0 0 

Powder +20 - 
- 75 µm 

85.05±0.99 5.4±0.73 5.54±0.23 1.76±0.02 0.38±0.02 0.008±0.001 1.86±0.09 

P60_V200 85.16±0.35 4.91±0.26 5.66±0.31 1.76±0.02 0.41±0.04 0.03±0.001 2.10±0.09 

P60_V500 85.32±0.93 4.81±0.06 5.58±0.07 1.76±0.02 0.41±0.02 0.03±0.001 2.09±0.05 

V6 Samples Fe Mo P C  B O Si 

Targed 83.26 9.29 5.40 1.74 0.31 0 0 

Powder +20 - 
- 75 µm 

81.15±2.40 9.01±0.24 5.63±0.48 1.68±0.01 0.43±0.04 0.007±0.001 2.09±0.09 

P60_V200 82.76±1.27 7.57±0.18 5.40±0.16 1.70±0.01 0.40±0.01 0.01±0.001 2.16±0.03 

P60_V500 82.87±0.42 7.43±0.49 5.37±0.37 1.68±0.03 0.49±0.09 0.01±0,001 2.15±0.15 

     
 
 

Table 4.12 summarizes the oxygen content (%wt.) measured by LECO in 

V5 and V6 powders (+20 to –75 µm) and their corresponding LPBF samples. The 

results show that the virgin powders of both V5 and V6 alloys had similar oxygen 

contents, ranging from 0.007 to 0.008 %wt. For V5, the LPBF samples produced 

during the 4° round of printing—initiated with a chamber oxygen level of 

approximately 500 ppm—showed an oxygen content of 0.030 %wt., which is 

more than three times higher than that of the virgin powder. 

In the case of the V6 alloy, the first ten rounds of printing were also started 

with a chamber oxygen level of ~500 ppm. From the 11° round onward, printing 

only began when the chamber oxygen level dropped to ~200 ppm. Notably, the 

LPBF samples from the 5° and 10° rounds exhibited oxygen levels at least twice 

as high as those from the 14° and 17° rounds. 

These findings indicate that when printing began at a chamber oxygen 

level of around 500 ppm—as in V5 (4° round) and V6 (5° and 10° rounds)—the 

resulting LPBF samples had significantly higher oxygen contents. Conversely, 

initiating the LPBF process at a lower oxygen level (~200 ppm), as done for V6 

(1°, 14°, and 17° rounds), led to reduced oxygen content in the final parts. 

Therefore, it can be inferred that the oxygen content in the LPBF chamber plays 
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a more decisive role in determining the final oxygen content of the LPBF samples 

than the oxygen content of the starting powder.  

Compared to the virgin V5 and V6 powders, the oxygen content of the 

powders after all printing rounds was increased by approximately 2.6 times. 

However, it's important to note that the V5 powder was reused for 7 printing 

rounds, while the V6 powder was reused 19 times. Additionally, during the 15t° 

round, the V6 reused powder was mixed with a portion of virgin V6 powder to 

obtain the required volume for printing larger samples. 

The literature [229] has reported that reused powders tend to accumulate 

oxide layers due to repeated exposure to heat and residual oxygen, leading to a 

progressive increase in oxygen content over multiple builds. For example, a study 

on Ti-6Al-4V powders showed that powders’ oxygen content increased during 

LPBF processing, even when oxygen concentrations in the chamber were 

maintained below 100 ppm [229]. 

However, the results from this study indicate that the oxygen content in 

LPBF samples was not significantly affected by powder reuse. Instead, the 

oxygen level in the processing chamber played a more critical role. Therefore, to 

minimize oxygen uptake in LPBF parts, it is essential to keep the chamber oxygen 

level as low as possible. 

 
 

Table 4.12- Oxygen content measured by LECO (O) of V5 and V6 virgin powders 

(+20 - -75 µm), the same powders after all printing’s rounds, and the LPBF 

samples (%wt.). 

Sample Oxygen (wt.%) 

V5  

Virgin powder +20 - - 75 µm 0.008±0.001 

Print - 4° round 0.030±0.001 

Powder after all LPBF +20 - - 75 µm 0.021±0,001 

V6  

Virgin powder +20 - - 75 µm 0.007±0.001 

LPBF - 1° round 0.007±0.001 

LPBF - 5° round 0.016±0.001 

LPBF - 10° round 0.022±0.001 

LPBF - 14° round 0.008±0.001 



131  

 

LPBF - 17° round 0.010±0.001 

Powder after all LPBF +20 - - 75 µm 0.021±0.001 

 
 

 
Figure 4.38 a)-c) depicts XRD patterns of the selected LPBF V5 and V6 

samples within a wide 2θ range (20°-120°). The measurements, qualitatively, 

confirm the presence of a glassy/crystalline composite microstructure in all LPBF 

samples. The composite consists of a wide glassy hump centered around 52°, 

superimposed with sharp diffraction peaks corresponding to the α-Fe, Fe3P and 

(Fe, Mo)23(C, B)6 phases, which cannot be clearly distinguished by XRD, and to 

the Fe0.75Mo0.122C0.128 phase. Based on the XRD data, α-Fe is the dominating 

phase accompanied by lower volume fraction of the Fe3P and (Fe, Mo)23(C, 

B)6/Fe0.75Mo0.122C0.128 phases. Phase identification was carried out using the 

ICSD database, and the main crystalline phases matched the following 

structures: α-Fe (Im3̅m) [215], M23X6 (Fm3̅m) [217], Fe0.75Mo0.122C0.128 (I4̅3m) 

[230], and Fe3P (I4̅) [218] crystalline phases.  

The primary difference among the XRD patterns lies in the intensity of the 

glassy hump. In Figure 4.38a), it can be inferred that V6 LPBF samples exhibit a 

more pronounced glassy character than V5 samples, when processed at 80W-

600mm/s_SN_0° with a height of 4 mm. From Figure 4.38b), it is not evident 

which printing direction yields a higher fraction of glassy phase. However, when 

comparing Figure 4.38a) and Figure 4.38b), it becomes clear that samples with 

an 8 mm height contain less glassy phase than the 4 mm samples. Figure 4.38c) 

reveals that, at a fixed laser power of 70 W, increasing the scan speed enhances 

glassy phase formation, as indicated by the reduced intensity of crystalline peaks. 

Comparing Figure 4.38c) and Figure 4.38a), it can be concluded that for the V5 

alloy, when 4 mm-high samples were printed at 0° using a SN scan strategy, the 

combination of 80W_600mm/s promotes significantly more glassy phase 

formation than the 70W_400mm/s combination. 
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Figure 4.38- X-ray diffractograms of selected LPBF samples comparing: a) 

different alloys (V5, V6, and contaminated V6); b) different printing directions (0°, 

45° and 90°); and c) different scan speeds (400, 500, and 600 mm/s). 

 

 
 

To better understand the formation of the glassy phase in LPBF samples, 

the effects of laser power, scan speed, and laser scan strategy were investigated. 

Figure 4.39 shows the XRD diffractograms of selected 4×4×8 mm LPBF samples 
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of V5 and V6 alloys. Since the identified crystalline phases are the same as those 

discussed in Figure 4.38, they will not be mentioned again here.  

An increase in glassy phase content is indicated by a more pronounced 

glassy hump and a corresponding reduction in the intensity of crystalline peaks. 

Thus, regarding the glassy phase, it is evident that for both alloys, a high scan 

speed (500mm/s) and the use of a chessboard laser scan strategy promote 

glassy phase formation (see Figure 4.39a)) and Figure 4.39c)). Additionally, the 

80W_600mm/s combination results in greater glassy phase formation than the 

70W_400mm/s combination (see Figure 4.39b)) and Figure 4.39d)). The glassy 

phase content is further enhanced when these parameter combinations are used 

together with the chessboard scan strategy.  

In conclusion, glassy phase formation is favored by higher scan speeds 

and the use of a chessboard laser scan strategy. In addition, the type of crystalline 

phases formed in the LPBF samples was found to be fairly independent of the 

processing conditions, suggesting that varying the process parameters primarily 

affects the proportion of glassy phase rather than the crystalline phases 

composition. 
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Figure 4.39- X-ray diffractograms of selected 4×4×8 mm LPBF samples 

investigating the influence of laser power (60W, 70W, and 80W), scan speed 

(200, 400, 500, and 600 mm/s), and laser scan strategy (SN and Chess) for: V5 

alloy a) and b), and V6 alloy c) and d). 

 
 

 

Confirming the XRD results, Figure 4.40 depicts the variation in the 

volume fraction of the glassy phase, measured by DSC. From Figure 4.40 a clear 

trace of the glass transition, with an apparent onset (𝑇𝑔) at around 433°C, is 

observed for a heating rate of 20 K/min. As shown in the insets, a plateau 

indicating the super-cooled liquid region follows, succeeded by the first 

crystallization event, with the onset near 500 °C. At least three crystallization 

events can be identified, although they are superimposed and cannot be clearly 

distinguished. The subsequent small endothermic event corresponds to the 

ferrite (α-Fe) to austenite (γ-Fe) solid-state transformation, with an initial onset 

around 850 °C, consistent with previous reports [103], [231]. The second and third 

endothermic events are associated with alloy melting, with initial onsets near 

920 °C and 1000 °C, respectively.  

From Figure 4.40a), it is evident that the V6 LPBF samples contain a 

significantly higher amount of glassy phase compared to the V5 samples. Figure 

4.40b), shows that increasing the printing angle from 0° to 90° leads to an 
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increase in glassy phase content. Figure 4.40c) confirms that higher scan speeds 

also promote glassy phase formation. Figure 4.40d) demonstrates that even with 

suboptimal parameters for glass formation (70 W_400 mm/s), the V6 alloy still 

achieves a higher glassy phase content than the V5 alloy. 

In conclusion, the V6 alloy is a more effective glass-former than the V5 

alloy when processed via LPBF. Both increased scan speed and higher printing 

angles contribute to enhanced glassy phase formation. For both alloys, the 

parameter combination of 80 W_600 mm/s results in a glassy richer 

microstructure than 70 W_400 mm/s. 
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Figure 4.40- DSC curves of selected LPBF samples comparing: a) different 
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alloys (V5, V6, and contaminated V6); b) different printing directions (0°, 45° and 

90°); c) different scan speeds (400, 500, and 600 mm/s), and d) V5 and V6 

samples produced with the parameter combination (70W_400 mm/s) that 

resulted in the lowest amount of cracks. Heating rate of 20K/min. 

 

 

The effect of laser scan strategy (SN and chessboard) and scan speed on 

glassy phase formation in V5 and V6 alloys was investigated using DSC 

measurements, as shown in Figure 4.41. Since the thermal events take place at 

temperatures equivalent to those reported in Figure 4.40, they will not be 

discussed again here. 

Figure 4.41a) shows that, for both alloys, the use of the chessboard laser 

strategy significantly enhances glassy phase formation compared to the SN 

strategy. It also confirms that the 80 W_600 mm/s parameter combination is more 

favorable for glassy phase formation than 70 W_400 mm/s. By comparing Figure 

4.41b) and Figure 4.41c) (for V5), as well as Figure 4.41d) and Figure 4.41e) 

(for V6), the positive influence of higher scan speeds and the chessboard laser 

strategy on glassy phase formation is clearly demonstrated. 
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Figure 4.41- DSC curves of selected LPBF samples investigating the influence 

of: a) the chessboard laser strategy for V5 and V6 samples built with 80W_600 

mm/s and 70W_400 mm/s; and scan speed (100-500 mm/s) at a laser power of 

60 W using SN and chessboard laser strategies for: b) and c) V5 alloy, and d) 

and e) V6 alloy. Heating rate of 20K/min. 

 

 

From the DSC results shown in Figure 4.40 and Figure 4.41, all LPBF 

samples exhibited exothermic peaks near 500°C, which are associated with the 

crystallization of the glassy phase. The crystallization enthalpy (Hcry_LPBF) was 

calculated for each LPBF sample and correlated with the crystallization enthalpy 
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(HCry_R) of V5 and V6 melt-spun ribbons. The glassy fraction (%) was then 

determined using the formula: (ΔHcry_LPBF alloy/ΔHcry_R) x 100, similar to that 

reported by others [151], [153], [232], and the results are presented in Table 4.13.  

Before discussing the results, it should be noted that: 

1- V5 and V6 virgin powders had similar oxygen content (0.007–

0.008 wt.%), and after all printing rounds, they showed equivalent 

oxygen content (~0.021 wt.%). 

2- The oxygen level in the chamber at the start of processing was below 

200 ppm for all LPBF samples analyzed in Table 4.13.   

Therefore, the influence of oxygen content in the virgin powders or its 

uptake during processing can be considered negligible for both alloys. 

Table 4.13 summarizes the variation of glassy fraction as a function of 

parameter combinations and correlates this with the percentage of porosity plus 

cracks (i.e., inverse of relative density) for all selected LPBF samples. Within the 

range of parameters investigated, the glassy phase fraction ranged from 0% to 

18.6% for V5 and from 0% to 24.2% for V6. For all processing conditions, V6 

samples consistently exhibited higher glassy content than V5 samples, indicating 

a superior glass-forming ability (GFA) for the V6 alloy when processed by LPBF. 

This can be attributed to the higher Mo content in the V6 alloy, as Mo is known to 

significantly enhance the GFA in Fe-P,C,B [63] and Fe-B-C-P-Si-Mo [204] alloys. 

 

The results highlight the strong influence of scan speed on glassy phase 

formation, with higher scan speeds leading to a significant increase in glassy 

fraction. The effectiveness of the chessboard scan strategy in promoting glassy 

phase formation is also confirmed, along with a slight tendency for increased 

glassy phase with higher printing angles. 

When comparing the glassy fraction with sample porosity, it becomes 

evident that the process parameter windows leading to the highest densities (e.g., 

60_100_SN_0° or 60_100_chess_0°) and those producing the highest glassy 

fractions (e.g., 60_500_chess_0°) do not coincide. In fact, the highest glassy 

fractions were found in samples exhibiting the greatest porosity and cracking (i.e., 

lowest relative density). Within the same alloy, a clear trend is observed where 
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an increase in porosity and cracking is associated with a higher glassy phase 

fraction. According to the literature [146], pores may help preserve glassy regions 

by shielding them from devitrification during the melting of subsequent layers. 

 

 
 

Table 4.13- Porosity+cracks fraction (%) and glassy phase fraction (%) in 

selected LPBF samples of V5 and V6 alloys, using V5 and V6 ribbons (100% 

glassy) as references. 

Sample name Glassy phase % Porosity+cracks % 

 V5 V6 V5 V6 

80_600_SN_0° 3.00 13.6 1.4 3.1 

80_600_SN_45° 4.02 13.0 1.6 3.5 

80_600_SN_90° 4.40 14.1 1.6 3.6 

80_600_chess_0° 18.60 21.4 11 7.5 

70_400_SN_0° 0.6 2.3 1.7 1.8 

70_500_SN_0° 2.8 - 2.2 2.2 

70_600_SN_0° 7.5 - 2.6 2.6 

70_400_chess_0° 4.8 12.0 6.7 3.3 

60_100_SN_0° 0.0 0.0 1.2 1.1 

60_200_SN_0° 0.0 1.4 1.5 1.7 

60_300_SN_0° 0.0 6.0 1.5 1.1 

60_400_SN_0° 4.5 18.4 2.4 2.3 

60_500_SN_0° 12.2 21.8 3.0 2.2 

60_100_chess_0° 0.0 0.0 1.4 1.0 

60_200_chess_0° 0.0 12.4 3.4 2.9 

60_300_chess_0° 3.0 17.4 8.6 6.9 

60_400_chess_0° 10.6 23.2 9.2 8.0 

60_500_chess_0° 18.0 24.2 15 8.7 

 

 

As shown by the XRD and DSC results, the microstructure of the LPBF 

samples varies only in terms of glassy phase fraction. Therefore, regardless of 
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the processing conditions, the composite microstructure is expected to consist of 

a glassy phase and largely the same crystalline phases. For this reason, only 

SEM images of the V6 LPBF sample containing 12% glassy phase (representing 

an intermediate glassy fraction) are presented here. 

The microstructural evolution of bulk metallic glasses composites 

(BMGCs) during the LPBF process is a complex phenomenon, due to the 

heterogeneous nature of the complicated thermal treatments cycles, which 

develop during the printing process [180],[207],[232]. Figure 4.42 present SEM-

BSE images of V6 LPBF sample containing 12% of glassy phase. In Figure 

4.42a), a microstructure containing molten pools (MP) and heat affected zone 

(HAZ) can be distinctly observed. While the MP zone exhibits a featureless light 

gray contrast—typical of a glassy phase—the HAZ shows a darker gray contrast, 

which denotes the crystallization during the LPBF process. These microstructural 

differences can be attributed to the significantly different cooling rates 

experienced by the MP and HAZ regions, as has been reported by others [232], 

[233].   

To highlight these microstructural differences, two representative regions 

(“1” and “2”) were examined. In region “1” (Figure 4.42b)), a large area rich in 

coarser dendrites is observed. At higher magnification (Figure 4.42d)) numerous 

white, rounded phases can be seen dispersed among the dendritic structures. In 

region “2” (Figure 4.42c)), crystalline phase with different sizes and shapes are 

especially evident in the HAZ contour. While the MP is predominantly composed 

of a homogeneous matrix (assumed to be glassy) with a few randomly dispersed 

gray spherulites, the HAZ contains many gray spherulites and dark blocky phases 

embedded in a similar matrix. These features often grow, and collide with each 

other within the HAZ region. Such microstructural characteristics are expected, 

as the MP undergoes rapid cooling rates sufficient to directly solidify the melt into 

a glassy state. Additionally, as previously reported [232], the cooling rate 

decreases from the MP toward the HAZ due to the high thermal gradients 

generated during laser scanning, thereby promoting crystallization within the 

HAZ.      
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Figure 4.42- SEM-BSE micrographs of V6 LPBF sample containing 12% of 

glassy phase, showing: a) general view of melt pool zone (MP) and heat affected 

zone (HAZ), b) and d) HAZ with coarser microstructure, and c) and e) 

Intermediate region between the bottom of MP and the HAZ, exhibiting a finer 

microstructure. 

 

a) 

b) c) 

d) e) 
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A further microstructural investigation in the melt pool (MP) and in heat-

affected zone (HAZ) was carried out using SEM-BSE imaging at higher 

magnification, along with their corresponding elemental mapping, as shown in 

Figure 4.43. In the MP region (Figure 4.43a)), the featureless matrix—assumed 

to be glassy—appears uniformly enriched in all detected elements (Fe, Mo, P, C, 

B, and Si), with no visible contrast variations. In contrast, the HAZ (Figure 4.43b)) 

reveals the presence of Fe- and Si-rich rounded phases, which are devoid of Mo 

and P, as well as elongated phases that are predominantly P-rich. 

By correlating these findings with the XRD data, the Fe- and Si-rich phases 

are most likely the well-known α-Fe(Si) phase, which corresponds to α-Fe 

enriched with silicon in solid solution within a body-centered cubic (BCC) 

structure. According to the literature, silicon exhibits high solubility in the ferritic 

α-Fe phase [234], thus, in steels containing approximately 2–4 wt.% Si, the α-

Fe(Si) is commonly found. This phase has also been reported in Fe-based 

BMGCs processed by LPBF in previous studies [146],[151][232],[235]. The 

elongated P-rich phase is most likely Fe₃P, a phase that has been consistently 

reported in Fe-Mo-P-C-B and Fe-Mo-P-C-B-Si systems [101], [103], [204], [236].  
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Figure 4.43- SEM-BSE micrographs and corresponding elemental EDX maps 

using Fe-K, Mo-L, P-K, C-K, B-K, and Si-K of V6 LPBF sample containing 12% 
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of glassy phase, showing the microstructure in: a) the melt pool zone (MP), and 

b) the heat affected zone (HAZ) near the bottom of the melt pool, exhibiting a 

finer microstructure. 

 

 

In order to further analyze the composition of the melt pool (MP) and the 

heat-affected-zone (HAZ), TEM analyses provide more detailed and accurate 

proof. Figure 4.44 presents TEM bright-field (BF) and dark-field (DF) images of 

the microstructures, along with the corresponding selected area electron 

diffraction patterns (SAEDPs) and elemental EDX maps of the MP and HAZ 

regions in a V6 LPBF sample containing 21% glassy phase. 

In the MP region, a homogeneous microstructure full of equiaxed nano-

scaled grains (30-100nm) was observed (Figure 4.44a)). The EDX elemental 

maps (Figure 4.44b)) indicate that these grains contain all elements, with a 

slightly higher contrast for Mo and Si. Additionally, P appears segregated at the 

grain boundaries/matrix. An area EDX analysis revealed a composition of 

Fe79.14Mo2.55P5.64C11.13Si1.51 

(Fe88.10±0.3Mo4.89±0.10P3.48±0.06C2.66±0.10Si0.84±0.02 wt%), which is not 

significantly enriched in Si. As shown in Figure 4.44c), the nano-grains were 

identified as the Fe0.75Mo0.122C0.128 (bcc) phase, with a fitting error below 1.2%. 

Additionally, closer to the MP boarder, the cluster-like “flower” phase shown in 

Figure 4.44d) was identified as α-Fe (bcc) phase (fitting error of 1.4%). Although 

it was not possible to isolate a diffraction pattern from just the grain 

boundary/matrix region, all SAED patterns obtained from within the MP revealed 

a halo ring, characteristic of an amorphous structure. This suggests that a glassy 

phase is a constituent phase in the matrix of the MP zone.  

In contrast, the HAZ exhibits a heterogeneous microstructure consisting of 

phases of varying shapes and sizes (Figure 4.44e)). According to the EDX maps 

(Figure 4.44f)), the dendritic phases are Fe-rich with some C and Si, but depleted 

in Mo and P. The rounded phases—which decrease in size, from fine to ultra fine, 

when moving toward the MP—are rich in all elements except P, and again, the 

contrast for Mo and Si is evidenced. Three phases were identified in the HAZ:  
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1- B50Fe1.04 (tetragonal) phase—with an irregular shape (Figure 4.44g)) 

(fitting error of 1.58%), 

 2- α-Fe (bcc) phase—in flower-like/dendritic morphology (Figure 4.44h)) 

(fitting error of 1.2%), and 

 3- Fe0.75Mo0.122C0.128 (bcc) phase—round phases ~200 nm in diameter 

(Figure 4.44i)) (fitting error of 3% and 0.8%). 

The indexed α-Fe is likely α-Fe(Si), as Si has high solubility in α-Fe [234]. 

With Si in solid solution, this phase is commonly referred to as α-Fe(Si) 

[146],[151][232].  For instance, Özden and Morley [232] reported α-Fe(Si) 

nanograins (300–500 nm) in the MP and Fe3Si nanocrystalline clusters (30–100 

nm) alongside Fe2B nano-needles (400–600 nm) in the HAZ of an LPBF-

processed KUAMET 6B2 alloy (Fe₈₇.₃₈Si₆.₈₅B₂.₅₄Cr₂.₄₆C₀.₇₇ in wt%). However, 

their phase identifications were based solely on SEM images without EDX 

confirmation or TEM validation. In another study [151], identified ordered Fe3Si 

dendrites, glassy phase and disordered α-Fe(Si) equiaxed grains in the HAZ of 

LPBF Kuamet 52 (Fe71Si10B11C6Cr2 (at. %)), though the provided TEM images 

did not clearly support what they claim. 

In this work, the Fe0.75Mo0.122C0.128 (bcc) phase—observed as nanograins 

in the MP region—exhibits a simple cubic structure, likely formed under the 

extremely high cooling rates in the melt pool center (~104°C/s [180]). Under such 

rapid solidification, phases with more complex crystal structures are unlikely to 

form due to insufficient time for atomic diffusion. 
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Figure 4.44- TEM bright-field (BF) and dark-field (DF) images of the 

microstructures, along with the corresponding selected area electron diffraction 

g) 

h) 

i) 
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patterns (SAEDPs) and elemental EDX maps (Fe-K, Mo-L, P-K, C-K, B-K, and 

Si-K) of a V6 LPBF sample containing 21% glassy phase: a)–d) melt pool (MP) 

zone, and e)–i) heat-affected zone (HAZ). 

 

 

4.4.2.2. Mechanical characterization  

 

To investigate the effect of processing parameters on the Vickers 

microhardness of the V5 and V6 LPBF samples, micro indentation experiments 

were conducted in the typical melt pool (MP) and heat-affected zone (HAZ) 

regions, which exhibit white and dark contrast, respectively, under optical 

microscopy (Figure 4.45a)). Measurements were performed along the cross-

sections of the LPBF samples, and the variation in average microhardness for 

each region (MP and HAZ) as a function of processing parameters is shown in 

Figure 4.45b) for V5, and Figure 4.45c) for V6. 

For a given alloy, the hardness values across different parameter 

combinations were quite similar, indicating that microhardness is largely 

independent of the processing conditions. This observation is consistent with 

previous results, which showed that samples produced under different 

parameters exhibited similar composite microstructures composed of the same 

phases, differing only in their volume fractions. Consequently, similar hardness 

values were expected across samples with comparable microstructural 

characteristics. 

When comparing the two alloys, V6 samples exhibited consistently higher 

hardness values (~1100 HV) compared to V5 samples (~1050 HV) across all 

parameter combinations. In both alloys, the white regions (MP) generally 

displayed higher hardness than the dark regions (HAZ). This can be attributed to 

the presence of ultrafine grains in the MP (see TEM images), which contribute to 

grain refinement strengthening of the glassy matrix. Conversely, the HAZ 

undergoes matrix thermal relaxation and precipitation of coarser crystalline 

phases, which may reduce hardness in this region. 

Nonetheless, considering the standard deviation, the hardness values of 
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both regions are very close, and the differences are almost negligible. The 

microhardness values obtained for the LPBF FeMoPBCSi composites produced 

in this work are comparable to those reported for LPBF Fe-Co-B-Si-Nb (~1200 

HV) [207], and higher than those reported for LPBF-processed FeSiBCrC (~900 

HV0.1) [237]. Based on their high hardness, the LPBF FeMoPBCSi composites 

developed in this study show promise for applications requiring excellent wear 

resistance.  
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Figure 4.45- a) White (MP) and dark (HAZ) regions where Vickers microhardness 

measurements were taken in the selected LPBF samples as a function of 

processing parameter combinations for: b) V5 alloy, and c) V6 alloy. 

 
 
 

To statistically compare and evaluate the equivalence of hardness in LPBF 

V5 and V6 samples produced under different conditions, the results presented in 

Figure 4.45 were analyzed using one-way ANOVA. The corresponding p-values 

for the V5 and V6 alloys—considering the white regions, dark regions, as well as 

the average hardness of each sample— are summarized in Table 4.14. Since all 

p-values are greater than the significance level (α = 0.05), there are no statistically 

significant differences in the hardness of the white or dark regions of the LPBF 

samples produced using different parameter combinations, nor in the average 

hardness of the LPBF samples produced using different parameter combinations, 

with 95% confidence. Therefore, for both alloys, the hardness of the LPBF 

samples remains unaffected by variations in the process parameters.  

 

 

 



153  

 

Table 4.14- Statistical comparison of Vickers microhardness for the white 

regions, dark regions, and average values (HVwhite+HVdark/2) of V5 and V6 LPBF 

samples produced using different parameter combinations, based on one-way 

ANOVA analysis.  

 P-value 

Alloy V5 V6  

White area 0.431 0.119 

Dark area 0.363 0.382 

Average  0.123 0.054 

 

The static uniaxial compression test was conducted at ambient 

temperature on a series of at least three samples for each parameter 

combination. The as-built rectangular samples, with a height-to-width ratio of 2, 

had their contact surfaces ground and polished to ensure low surface roughness 

and parallelism, as shown in Figure 4.46a). The compression tests were carried 

out until fracture. Because all LPBF samples exhibited numerous cracks, the tests 

serve a comparative purpose rather than providing absolute values, and the 

corresponding results are shown in Figure 4.46b)-e). 

Since all selected LPBF samples from both studied alloys exhibited elastic-

brittle behavior—with compression curves similar to those of bulk metallic glasses 

(BMGs) and maximum deformation of approximately 1.5%—only the ultimate 

compressive strength (UCS) is presented here for comparison. 

In general, the mechanical properties of the V5 and V6 LPBF samples 

were significantly lower than those of their casted counterparts. As shown in 

Figure 4.46b)-e), the highest UCS values were obtained from the densest LPBF 

samples of both alloys. Among the best-performing samples, V5 achieved 

approximately 49% and V6 about 34% of the UCS of their respective cast 

counterparts. 

The results also reveal several trends: 

1. Using the 80 W_600 mm/s or 70 W_400 mm/s combinations, V5 samples 

showed higher UCS compared to the equivalent V6 samples (see Figure 
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4.46b) and d)). 

2. At a laser power of 60 W, regardless of scan speed or laser strategy, V6 

samples exhibited higher UCS than V5 (see Figure 4.46c) and e)). 

3. Samples built at 0° demonstrated better mechanical performance than 

those built at 45° and 90°; between the latter two, the results were similar, 

with a slight advantage for 90°, especially in V6 alloy (see Figure 4.46b) 

and d)). 

4. The chessboard laser strategy resulted in lower UCS compared to the SN 

strategy, possibly due to a higher percentage of defects. 

5. Regardless of laser strategy, at a constant power of 60 W, increasing scan 

speed led to reduced mechanical strength (see Figure 4.46c) and e)).  
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Figure 4.46- a) Picture of the as-built LPBF samples submitted to static uniaxial 

compression testing at room temperature. Ultimate compressive strength results 

of the LPBF samples produced using different parameter combinations for: b) 

and c) V5 alloy, and d) and e) V6 alloy.  

 

4.4.2.3. Fracture behavior 

 

 Figure 4.47 shows the visual appearance of representative LPBF samples 

built at 0°, 45°, and 90° after compression testing, along with schematic 

illustrations of their corresponding fracture behavior and SEM micrographs of the 

fracture surfaces. From the visual inspection of fracture behavior (Figure 4.47a)), 

it is evident that the cracks propagate along the layers, i.e., parallel to the building 

direction (BD). It is likely that these cracks follow the heat-affected zones (HAZ), 

which contain coarser phases and, as shown in the microhardness tests, exhibit 

slightly lower hardness compared to the melt pool (MP) zone.  

As a result, while the load in the 45° and 90° samples is applied at an angle 

to the BD, for the 0° samples, the load is applied parallel to the layers (i.e., along 

the BD), which makes crack propagation more difficult. This can explain why the 

0° samples exhibited the highest ultimate compressive strength (UCS) and 

fractured into multiple pieces (as seen in Figure 4.47a)). 

Regarding the SEM images of the fracture surfaces, none displayed the 

vein-like patterns typical of ductile BMGs. Moreover, no single dominant shear 
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plane was observed. The fracture surfaces of all samples were smooth, featuring 

mist and hackle regions. These characteristics indicate brittle cleavage fracture, 

with a generally faceted appearance (see Figure 4.47b), e) and h)), where river 

patterns are evident (Figure 4.47d), g) and j)), consistent with the fracture 

behavior of brittle metallic glasses [225], [238], [239], [240], [241].  

In the 0° sample, the presence of separated cuboids along the crack path 

is clearly visible (Figure 4.47b)), which explains why the sample broke into many 

pieces after catastrophic failure. The presence of defects (such as pores and 

cracks) likely contributed to the increased number of fracture initiation sites, 

thereby reducing the overall mechanical strength of the samples. 

 

 

 

a) 
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Figure 4.47- a) Visual appearance of representatives LPBF samples built at 0°, 

45°, and 90° after compression testing, along with schematic illustrations of their 

corresponding fracture behavior. SEM micrographs of fracture surface of LPBF 

samples built at: b)-d) 0°; e)-g) 45°, and h)-j) 90° with respect to the build Z-axis.  

 

 

4.4.2.4. Wear resistance 

 

V5 and V6 LPBF samples produced using 80 W_600 mm/s at 0°, 45°, and 

90°, with both SN and chessboard laser strategies, were subjected to wear tests. 

Figure 4.48a) shows a representative optical microscopy (OM) image of the initial 
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sample surfaces where the tests were performed. Figure 4.48b) and c) depict 

the average curves of the coefficient of friction (COF) as a function of sliding 

distance for V5 and V6 samples, respectively. As shown, all curves exhibit a rapid 

increase to a certain value at the running-in stage, after which the friction 

relatively stabilizes due to improved surface roughness and the formation of a 

tribolayer that provides lubrication effect as the sliding distance increases.  

It is noteworthy that fluctuations in the COF during the running-in stage are 

mainly attributed to the inhomogeneous microstructure of the composite [242], 

while in the stable wear stage, COF variations are caused by changes in the 

contact area and the periodic formation of wear debris on the worn surface [243]. 

Table 4.15 presents the volume loss, Vickers microhardness, specific 

wear rate, and average COF for each sample. Except for the V5 LPBF_45° 

sample, all LPBF samples exhibited lower COF values compared to the ingot 

samples, indicating that the presence of defects (e.g., pores and cracks) in the 

LPBF samples did not significantly influence the COF values, or, at least it was 

not apparent. When comparing V5 and V6 samples, V6 exhibited lower COF 

values overall. A decreasing trend in COF was observed in the order: ingot > 0° 

> 0°_chess > 45° > 90°, suggesting that increasing the printing angle significantly 

reduces the COF. 

For the V6 alloy, the SN_90° sample exhibited the lowest COF value of 

0.032 ± 0.007. In contrast, the V5 alloy showed its lowest COF (0.075 ± 0.040) for 

the 0°_chess sample, without a clear overall trend. Regarding the specific wear 

rate (k) (used to evaluate the wear resistance), the ingot samples showed the 

lowest values (in the order of 10-8 mm3/Nm), while LPBF samples exhibited k 

values ranging from 10-7 to 10-6 mm3/Nm.  

Despite minor variations, the mean microhardness values across samples 

were relatively similar when accounting for standard deviation. Although literature 

generally suggests that higher hardness correlates with lower COF and improved 

wear resistance [244], the wear results in this study cannot be directly explained 

by hardness alone, as is commonly done [245]. Here, despite similar hardness, 

ingot samples had higher COF and lower k values. Among LPBF samples, a 

general trend of lower COF correlating with lower k was observed. Interestingly, 
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the V5 LPBF_45° sample, which had the highest COF (0.355 ± 0.054), also 

presented the lowest k (3.0 × 10⁻⁷ mm³/N·m) among the LPBF group, suggesting 

the need for further investigation into the wear mechanisms of these alloys. 

Comparing these results with the only comparable study available [246], 

the combination of low COF and low k values observed here remains impressive. 

While Zou et al.[246], reported COF = 0.389 and k = 4.74 × 10-6 mm3/Nm for an 

ex-situ additively manufactured Fe44Cr30Mo30C3B3(wt%) / Cu bulk metallic glass 

composite under a 20 N load, the present work achieved COF = 0.075 and k = 

7.5 ×10-7 mm3/Nm for the V5 alloy, and COF = 0.032 with k = 1.4 ×10-6 mm3/Nm 

for the V6 alloy, both under a 25 N load. 
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Figure 4.48- a) Schematic illustration of the sliding process and surface 

orientation during the wear testing for LPBF samples built at 0°, 45°, and 90° with 
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respect to the Z-axis. Representative (average) friction coefficient (COF) curves 

as a function of sliding distance (m) for: b) V5 alloy, and c) V6 alloy. 

 

 

 

Table 4.15- Volume loss, Vickers hardness, specific wear rate, and coefficient of 

friction of the selected LPBF samples of V5 and V6 alloys.  

Alloy Sample name Volume 
loss 

(mm3) 
 

HV0.5 k (mm3/ 

Nm) 

COF 

 

V5 

Arc melter ingot 0.00005 1017±31 2.0 x 10-8 0.263±0.042 

80_600_SN_0° 0.0061 970±51 2.4 x 10-6 0.207±0.042 

80_600_SN_45° 0.0007 1012±54 3.0 x 10-7 0.355±0.054 

80_600_SN_90° 0.0075 1001±79 3.0 x 10-6 0.183±0.047 

80_600_chess_0° 0.0019 1016±64 7.5 x 10-7 0.075±0.040 

V6 

Arc melter ingot 0.0002 1012±44 7.3 x 10-8 0.312±0.058 

80_600_SN_0° 0.0100 1035±48 4.0 x 10-6 0.147±0.034 

80_600_SN_45° 0.0068 988±51 2.7 x 10-6 0.076±0.020 

80_600_SN_90° 0.0036 1029±44 1.4 x 10-6 0.032±0.007 

80_600_chess_0° 0.0054 1024±57 2.2 x 10-6 0.107±0.047 

 

 

Figure 4.49 presents OM images showing the general aspects of the worn 

surfaces of V5 and V6 samples. From these images, it is evident that the LPBF 

samples exhibit more debris compared to the ingot samples. Although the 

presence of defects did not significantly affect the coefficient of friction (COF), 

they likely influenced the wear rate (k), particularly in the case of cracks, which 

are clearly visible in the LPBF samples (Figure 4.49). As reported in the literature, 

defects such as pores and cracks can alter the stress distribution, promote crack 

initiation, and work as channels for oxygen atom diffusion [247],[248], ultimately 

leading to embrittlement, fracture, and preferential material removal in those 

regions [249]. 
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Furthermore, the increased presence of third bodies (debris) can modify 

the wear track morphology and increase wear severity during sliding, thereby 

increasing the wear rate (k) [250]. According to the literature, the width of the 

worn track—representing the effective contact area between the counter-body 

pin—can be reflected on the COF values [251]. Generally, lower COF is expected 

to be associated with reduced frictional force between surfaces, which can result 

in lower wear and, consequently, narrower and shallower worn tracks. In this 

study, considering the LPBF samples, the V5_45° sample exhibited the narrowest 

worn track width (537 ± 98 µm), yet showed the highest COF. In contrast, the 

V6_90° sample had the smallest track width (423 ± 45 µm) and the lowest COF. 

This indicates that the relationship between COF and worn track width is not 

always straightforward, as other factors—such as the dominant wear 

mechanisms—also influence the wear behavior. However, it is noteworthy that 

the two LPBF samples with the narrowest track widths (V5_45° and V6_90°) also 

had the lowest wear rates (k), suggesting that in this study, worn track width 

correlates more closely with wear rate than with COF. 
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Figure 4.49- Optical microscopic images of the worn tracks of the ingots and 

LPBF samples built with 80W_600mm/s at 0°, 45° and 90° using SN laser 

strategy, and 0° using chessboard (chess) laser strategy: a) V5 alloy, and b) V6 

alloy.  

 

 

To address and discuss the wear mechanisms, the worn surfaces of the 

tested samples were examined using SEM. Due to the similarities observed 

between the worn surfaces of V5 and V6 samples, only the images of V6 are 

presented in Figure 4.50a)-o). For all samples, the central region of the worn 

track was selected for comparison. The SEM images reveal that the primary wear 

mechanism was abrasive wear, as evidenced by the presence of grooves and 

abrasive debris (Figure 4.50). The severity of abrasive wear is indicated by the 

number and depth of grooves, while the presence of debris distinguishes between 

two-body and three-body abrasion [252]. 

The ingot sample exhibited mild abrasive wear, characterized by shallow 

WidthAvg.: 663±109 µm 

WidthAvg.: 537±98 µm 

WidthAvg.: 680±40 µm 

WidthAvg.: 658±113 µm 

WidthAvg.: 630±163 µm 
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grooves and the absence of loose abrasive particles. This suggests direct contact 

between the sample surface and the Al pin, with minimal debris formation. In 

contrast, the LPBF samples showed numerous, deeper grooves and abundant 

loose debris, confirming a three-body abrasion mechanism type. The presence 

of hard debris can intensify the abrasive wear by producing deeper grooves [250]. 

Abrasive wear is primarily influenced by surface hardness and condition. 

However, as shown in Table 4.15, the samples exhibited similar microhardness 

values. In contrast, Figure 4.49 shows that the LPBF samples contained 

numerous cracks on their initial surfaces. These pre-existing defects likely played 

a significant role in the observed abrasive wear, making the LPBF samples more 

susceptible to material removal. Therefore, the presence of such defects 

increased the severity of abrasive wear compared to that of the ingot sample. The 

absence of surface defects in the ingot sample contributed to its specific wear 

rate being one-two orders of magnitude lower than that of the LPBF samples 

(Table 4.15). 

Notably, the exceptionally low specific wear rate of the ingot sample can 

also be attributed to the presence of light-gray round phases in its microstructure 

(Figure 4.50c)). These phases were identified by EDS as molybdenum borides, 

most likely Mo23B6, as supported by XRD analysis (Figure 4.12). These hard, 

refined, and homogeneously dispersed borides likely acted as reinforcements 

within the matrix. According to the literature [251],[253], the presence of rigid 

borides within the microstructure acts protecting the matrix from excessive 

material removal, thereby reducing the specific wear rate and improving wear 

resistance. This suggests that, in this study, wear resistance is more closely 

related to microstructural features than to microhardness alone.  

Additionally, across all samples, no clear signs of plastic deformation were 

observed on the worn surfaces. However, the presence of oxidized debris 

suggests that oxidative wear also contributed to the wear mechanisms. The 

oxides were chemically analyzed by EDX, with results shown in Figure 4.50p) 

and q). The oxide on the ingot sample was found to be mainly Fe-rich 

(63.20 ± 5.36 at. %), indicating iron oxide formation (Figure 4.50p)). In contrast, 

the oxide on the LPBF sample SN_0° was Fe-rich (47.74 ± 6.58 at. %) and 
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significantly enriched in carbon (27.59 ± 6.44 at. %) (Figure 4.50q)). Although it 

was not possible to confirm the exact carbonaceous compound formed, the 

presence of a C-rich oxide tribolayer is inferred to have provided a lubricating 

effect during sliding, contributing to the lower COF values observed for the LPBF 

samples. This finding aligns with previous studies [254],[255],[256],[257], which 

have shown that the friction coefficient values are influenced by the nature of 

oxides formed during wear. 
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Figure 4.50- SEM micrographs of the worn surfaces of the V6 alloy as a), b), c) 

ingot, and LPBF 80W_600mm/s d), e), f) Chess built at 0°, g), h), i) SN built at 

p) 

  

 

 

Holes 

Deep grooves 

Grooves 

Abrasive debris 

Oxide 

Oxide 

j) k) l) 

m) o) n) 

Element Weight % 

Fe (K) 63.20±5.36 

Mo (L) 7.92±0.51 

P (K) 6.49±0.87 

C(K) 0.00±0.00 

B (K) 0.00±0.00 

Si (K) 0.55±0.35 

Al (K) 0.88±0.48 

O (K) 20.95±5.96 

 
 

V6_ingot 

V6_0° Element Weight % 

Fe (K) 47.74±6.58 

Mo (L) 4.31±0.81 

P (K) 3.17±0.46 

C (K) 27.59±6.44 

B (K) 0.00±0.00 

Si (K) 0.67±0.20 

Al(K) 0.60±0.06 

O (K) 15.92±1.82 

  

 
 

q) 
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0°, j), k), l) SN built at 45°, m), n), o) SN built at 90°, and EDX results (in wt.%) 

of the oxides for: p) ingot and q) SN built at 0°. 
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5 CONCLUSION  
 

The aim of this work was first to select and design, using theoretical and 

experimental methods, Fe-based alloys suitable for additive manufacturing. The 

selected FeMoPCB alloys were then investigated for their feasibility of processing 

via Laser Powder Bed Fusion (LPBF) additive manufacturing. With that goal, 

simple geometry specimens (toroidal, cylinders, cubes, parallelepiped) were 

produced using a wide range of processing parameters, including laser power 

(90W-330 W), scan speed (100-3000 mm/s), hatching distance (30, 40 and 50 

µm), layer thickness (50, 70, 90 and 100 µm), laser scan strategy (single-

unidirectional and chessboard/island), substrate (CK45 carbon and 316L steel, 

unheated and preheated to 150±20°C), with and without remelting step. The 

processing parameters were optimized to obtain intact samples containing the 

glassy phase. The best LPBF samples were selected, and their processing 

conditions were correlated with microstructure, mechanical, and wear behavior. 

The following conclusions can be drawn from the present study: 

1- Six FeMoPCB alloy compositions with predicted good GFA and toughness 

were selected using the alloy design methodology. Experimental results 

from arc melting and suction casting confirmed glassy phase formation in 

all six compositions. Among them, Fe79Mo3P9C7.5B1.5 (named as V5) and 

Fe77Mo5P9C7.5B1.5 (at. %) (named as V6) were chosen for processing by 

LPBF. 

2- The gas-atomized V5 and V6 powders exhibited excellent flowability and 

spreadability, particularly after the drying step, making them suitable for 

LPBF processing. 

3- FeMoPCBSi LPBF samples were successfully manufactured with good 

dimensional accuracy within an optimized processing window, including 

laser powers ranging from 50 to 80 W and scan speeds between 100 and 

700 mm/s. 

4- Both porosity and glassy phase content increased under conditions of low 

laser power (P) and high scan speed (V). Within the explored parameters 

range, pore and crack area fractions as low as 1% and glassy phase 

fractions as high as 24% were achieved; however, these extremes did not 
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occur simultaneously. For achieving high density (i.e., pore and crack area 

fraction below 2%), the parameter combinations 70_400_SN, 60_100–

300_SN, and 60_100_Chess were effective. In contrast, high glassy 

phase fractions (~20%) were obtained using the 80_600_Chess, 60_400–

500_Chess, and 60_500_SN combinations. 

5- The integrity, porosity and dimensional accuracy of the samples were 

more influenced by the specific combination of parameters than by the 

energy input alone. For example, under the same energy input (100 

J/mm³), different parameter combinations yielded varying results:  

• 210 W / 700 mm/s: super-elevation phenomenon, ~5% porous area 

• 105 W / 350 mm/s: mostly flat surface, ~2% porous area 

• 90 W / 300 mm/s: flat surface, excellent dimensional accuracy, 

~1% porous area 

6- The glassy phase content depends on the energy input used to produce 

the samples. The content increases with decreasing energy input and vice 

versa. 

7- Under the same parameter combinations, i.e., same energy input, 

increasing the build angle showed a slight tendency to increase glassy 

phase formation. 

8- Even though the plasticity of the LPBF-processed FeMoPCBSi was not 

enhanced compared to their casted counterparts, FeMoPCBSi bulk 

metallic glass composites (BMGCs) as higher as 11mm were produced 

with great dimensional accuracy by LPBF using commercial and recycled 

iron as the raw materials. 

9- The microstructure of the melt pool (MP) region was found to be formed 

by ultrafine, equiaxed grains, of Fe0.75 Mo0.122 C0.128 (bcc) phase embedded 

in a glassy matrix, while the heat-affected-zone (HAZ) was formed by a 

mix of phases, including Fe(Si)-α (bcc), B50-Fe1.04 ((tetragonal), and Fe0.75 

Mo0.122 C0.128 (bcc) phase.  

10- While the type of constituent phases (crystalline and glassy) remained 

unchanged across different parameter combinations, their relative 

fractions were dependent on the processing parameters. 
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11- To increase glassy phase content, low energy input is required. However, 

achieving high bulk density necessitates higher energy input, highlighting 

the inherent trade-off and difficulty in producing crack- and pore-free 

(intact) parts with high glass content. 

12- The FeMoPCBSi BMGCs produced via LPBF in this study demonstrated 

excellent wear resistance: 

• V5: COF = 0.075, k = 7.5 × 10⁻⁷ mm3/Nm 

• V6: COF = 0.032, k = 1.4 × 10⁻⁶ mm3/Nm 
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6 RECOMMENDATIONS FOR FUTURE WORKS 
 

• Fabricate LPBF FeMoPCBSi samples with the highest possible 

glassy phase content, followed by the application of porosity- and 

crack-reducing techniques such as Ultra-High-Pressure (UHP) 

processing and Hot Isostatic Pressing (HIP). 

• Perform heat treatments and investigate the resulting 

microstructural evolution in correlation with wear resistance. 

• Evaluate whether fabricating parts with honeycomb structures 

using the studied alloys can enhance glassy phase formation. 

• Investigate the corrosion resistance of the new BMGCs fabricated 

by LPBF. 

• Investigate the magnetic properties of the new BMGCs fabricated 

by LPBF. 

• To improve the ductility and toughness of LPBF-processed 

FeMoPCBSi samples while reducing cracking, mixing 316L powder 

with FeMoPCBSi powder and performing the LPBF process using 

this mixture may be a promising strategy. 

• In this work, it was observed that cylindrical samples exhibited more 

cracking than square samples, suggesting that it would be 

worthwhile to investigate the influence of sample geometry on 

FeMoPCBSi processed by LPBF. 
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APPENDIX 
 

  

  

  
Figure A.1- Images of the wedges as-produced and microstructure by OM of the 

A1, A2 and A3 areas of the wedges for a) V1, b) V2, c) V3, d) V4, e) V5, and f) 

a) b) 

c) d) 

e) f) 

817±18 HV 825±15 HV 

802±12 HV 
844±13 HV 

862±8 HV 885±12 HV 
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V6 alloys.  

 

 

 

Figure A.2- Optical microscopy images of the cross-sections of LPBF samples 

produced using the Omnitek machine on an unheated substrate, employing a 

a) 

b) 
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chessboard-like scanning strategy with a remelting step, for a) V5 and b) V6 

alloys.  

 

  

             LPBF V5 samples              LPBF V6 samples 

Figure A.3- Optical microscopy images of the cross-sections of V5 and V6 LPBF 

samples, produced using the AconityMini machine on a heated 316L steel 

substrate (200 °C) with a remelting step. Scale bar: 500 µm (white bar at the lower 

right of the images). 
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1° round: 

Investigation of 

remelting, laser 

power, and laser 

scanning strategy. 

Results: All the 

samples were 

really bad 

regarding their 

integrity.    

 
2° round: 

Investigation of 

remelting, 

combination of 

different laser 

powers, and laser 

scanning 

strategies. 

Results: All the 

samples were bad 

as well. 
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3° round: Investigation of the increase of the layer thickness (from 50um to 

70um), using the same parameters as 2° round. 

Results: same samples presented Residual stress/distortion, super-elevation 

and Flaking phenomenon. 

 

 
 

 

 

4° round: Investigation of the effect of layer thickness (from 70um to 90um), 

using the best parameters from the 3° round, and changing the sample 

geometry. 

Results: All the samples presented super-elevation. 
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5° round: Investigation of the effect of layer thickness (from 90um to 100um), 

using the same geometries and parameters from the 4° round. 

Results: All the samples presented super-elevation. 

  

All samples were melted using 210w/700_single and remelted using 

90w/700_single_random 

 

6° round: Investigation of the influence of hatching distance and geometries, 

using the best parameters from round 5°. 

Results: All the samples presented super-elevation. 
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All samples were melted using different laser power_700mm/s_single and 

remelted using 90w_700_single_random 

 

 

7° round: Investigation of the influence of different laser power for melting, and 

staying with the best parameters from 6° round, with different sample sizes and 

geometries. 

Results: All the samples presented super-elevation, especially the small ones, 

and distortion, especially the big ones. 

  

Different scan speeds for the melting 

For all samples 

Melting: 210W_single strategy 

Remelting: 90W/700_single random strategy 

 

8° round: Investigation of the influence of different scan speeds for melting, 

and staying with the best parameters from 7° round, with different sample sizes 

and geometries. 

Results: All the samples presented super-elevation, especially the small ones 

and distortion, especially the big ones.  
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9° round: Investigation of the influence of different scan speeds for melting 

and remelting, and staying with the best parameters from 8° round, different 

sample sizes, geometries, laser strategies and layer thickness of 100um. So 

far, a CK45 carbon steel substrate has been used without heating. 

Results: All the samples presented super-elevation, especially the small ones, 

and distortion, especially the big ones. 

  

10° round: Investigation of the influence of different scan speeds for melting 

and remelting, and staying with the best parameters from 9° round, different 

sample sizes, geometries, and laser strategies, using 316L substrate heated at 

150±20°C. 

Results: All the samples presented super-elevation, especially the small ones, 

while distortion was decreased. Fewer cracks were observed by eyes. 
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11° round: Investigation of the influence of different combinations of laser 

power and scan speed for melting, using the same conditions as round 10°. 

Results: All the samples presented super-elevation, especially the small ones, 

while distortion was decreased. Fewer cracks were observed by eyes. 

  

12° round: V5 alloy powder. Investigation of the influence of different 

combinations of laser power and scan speed for melting, using the same 

conditions of round 11°. 

Results: All the samples presented super-elevation, especially the small ones, 

while distortion was decreased. Fewer cracks were observed by eyes. 
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13° round: V6 alloy powder. Investigation of the influence of different 

combinations of laser power and scan speed for melting. 

Results: Super-elevation was reduced but still present, especially for the small 

ones, while distortion was decreased. Fewer cracks were observed by eyes. 

  

14° round: V6 alloy powder. Investigation of the influence of different 

combinations of laser power and high scan speed for remelting, influence of 

the geometry of the samples, and the behavior of samples produced without 

remelting. 

Results: Super-elevation was presented only for the remelted samples, those 

melted with 90w_300mm/s. The samples produced without remelting were 

quite flat and presented many fewer cracks by eyes. Here it was proved that 

cylindrical samples cracked much more than square samples. 
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15° round: V6 alloy powder. Investigation of the influence of different 

combinations of laser power and high scan speed for remelting, influence of 

the geometry of the samples, and the behavior of samples produced without 

remelting. 

Results: Super-elevation was not observed anymore. The samples produced 

without remelting were quite flat and presented many fewer cracks by eyes. 

Here was confirmed that cylindrical samples cracked much more than square 

samples, and they crack even more if the remelting step is used, especially 

with the chessboard scan strategy for remelting. 

 

 

16° round: V5 alloy powder. Investigation of the influence of different 

combinations of laser power and high scan speed for remelting, the effect of 

sample geometry, and the behavior of samples produced without remelting. 

Results: Super-elevation was no longer observed. Samples produced without 

remelting were relatively flat and showed significantly fewer visible cracks. It 

was confirmed that cylindrical samples exhibited more cracking than square 

ones, and this effect was exacerbated when remelting was applied—

particularly with the chessboard scan strategy. Overall, samples produced 

without remelting demonstrated better structural integrity than those subjected 

to remelting. 
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-Cubes with: 3x3x6; 4x4x8 and 5x5x10 mm at 0°, 45° and 90° related to Z axis. 

-Small magnetic samples 6x4 mm 

 

 

17° round: V5 alloy powder. Printing with the best parameter combination 

regarding the integrity of the samples. 

Results: The samples were super flat, no cracks were observed by eye and no 

distortions occurred, independently of the geometry or size of the sample. 
 

 
 

- Cubes with: 3x3x6; 4x4x8 and 5x5x10 mm at 0°, 45° and 90° related to 

Z axis. 

- Small magnetic samples 6x4 mm 

 

18° round: V6 alloy powder. Printing with the best parameter combination 

regarding the integrity of the samples. 

Results: The samples were super flat, no cracks were observed by the eyes 

and no distortions occurred, independently of the geometry or size of the 

sample.  

-  
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- Cubes with: 3x6; 4x8 and 5x10 mm at 0°, 45° and 90° related to Z axis. 

- Small magnetic samples 3x4 mm 

 

19° round: V6 alloy powder contaminated with oxygen. Printing with the best 

parameter combination regarding the integrity of the samples. 

Results: The samples were super flat, no cracks were observed by the eye 

and no distortions occurred, independently of the geometry or size of the 

sample. 
 

-  
 

- Only cubes 4x4x8 mm and big magnetic samples 13x3 mm 

 

20° round: V6 alloy powder. Printing with the two best parameter combinations 

with regard to the integrity of the samples. Here, big samples for magnetic 

measurements were printed. 

Results: The samples were super flat, no cracks were observed by eye and no 

distortions occurred, independently of the geometry or size of the sample. 
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- Only cubes 4x4x8 mm and big magnetic samples 13x3 mm. 

 

21° round: V5 alloy powder. Printing with the two best parameter combinations 

with regard to the integrity of the samples. Here, big samples for magnetic 

measurements were printed. 

Results: The samples were super flat, no cracks were observed by eye and no 

distortions occurred, independently of the geometry or size of the sample. 

 

 
 

- Only cubes 4x4x8 mm and big magnetic samples 13x3 mm 

 

22° round: V6 alloy powder contaminated with oxygen. Printing with the two 

best parameter combinations with regard to the integrity of the samples. Here, 

big samples for magnetic measurements were printed. 

Results: The samples were super flat, no cracks were observed by eye and no 

distortions occurred, independently of the geometry or size of the sample. 
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23° round: V6 alloy powder. Printing with low laser power, with and without 

remelting and using different laser scan strategies.  Cubes 4x4x8 mm at 0° and 

90° were printed. 

Results: Samples subjected to remelting exhibited extensive cracking, with 

severity increasing as the remelting scan speed decreased. The use of a 

chessboard laser strategy for remelting resulted in particularly severe cracking. 

 

 

24° round: V5 alloy powder. Printing with low laser power, without remelting 

and using different laser scan strategies.  Cubes 4x4x8 mm at 0° and 90° were 

printed. 

Results: with low laser power and low scan speed, the samples are yellowish, 

and the finishing surface is really rough. Considering the same laser power, the 

high scan speed promotes more cracks. 
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25° round: V6 alloy powder. Printing with the best laser power (60w) combined 

with different scan speeds, without remelting and using different laser scan 

strategies.  Cubes 4x4x8 mm at 0° and 90° were printed. 

Results: scan speed higher than 400 mm/s promotes cracks in the samples, 

especially if the chessboard strategy is used. 

 

 

 

26° round: V5 alloy powder. Printing with the best laser power (60w) combined 

with different scan speeds, without remelting and using different laser scan 

strategies.  Cubes 4x4x8 mm at 0° and 90° were printed. 

Results: scan speed higher than 400 mm/s promotes cracks in the samples, 

especially if the chessboard strategy is used. 
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27° round: V5 alloy powder. Printing with the same parameters used in round 

26° in order to have more samples for mechanical tests. 

Results: samples with the same visual characteristics as those obtained in 

round 26°. Using the same combination of parameters, there are more cracks 

in those samples produced with a single normal laser scanning strategy than 

using a chessboard laser strategy. 

 

  

28° round: V6 alloy powder. Printing with the best parameters in order to have 

more samples for mechanical tests. 

Results: Samples with similar characteristics to the samples produced 

previously were obtained. 

 

  

Figure A.4- LPBF sample printing rounds presented in the sequence of tested parameters, visually illustrating the influence of 

each parameter. Legend: F= direction of the fume extractor in the LPBF machine. 
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Figure A.5 - Fraction of pores (a, c, e) and cracks (b, d, f) in the first group of intact samples for V5 and V6 alloys.

e) f) 
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Image Analysis Procedure for Measuring Pores or Cracks Using 

ImageJ/Fiji (WEKA) 

    Initial Setup (First Sample Only) 
• Open the image in ImageJ or Fiji. 

• Load the image by dragging it into ImageJ/Fiji. 

• Select the entire sample area using the Freehand Selections Tool. 

• Go to: Edit → Clear Outside, then: Image → Crop 

• Convert image type: Image → Type → 16-bit 

• Open the segmentation plugin: Plugins → Segmentation → Trainable Weka Segmentation 

• Rename classes: 
- Class 1: Rename to Pores or Cracks 
- Class 2: Rename to Matrix (Without Pores/Cracks) 

• Train the classifier: 
- Select 5 to 8 pores or cracks and add them to the Pores or Cracks class. 
- Select 5 to 8 defect-free areas (no pores or cracks) and add them to the Matrix class. 

• Click Train Classifier (wait for it to finish training). 

• If needed, refine class selections and retrain the classifier. 

• Click Create Result. 

• Convert result to 16-bit: Image → Type → 16-bit 

• Set threshold: Image → Adjust → Threshold 

• Analyze features: Analyze → Analyze Particles 
- Circularity: 0.00–1.00 
- Check the box “Exclude on edges” → Only check this if you're analyzing pores, not cracks. 

• In the Summary window, record the total percentage of area occupied by pores or cracks. 

• Save your results (e.g., % of defects). 

• Save the trained classifier: Save Classifier 

    For Subsequent Samples 
• Open and load the next image in Fiji. 

• Repeat the following steps: 
- Select the whole sample with Freehand Selections → Edit → Clear Outside → Image → 
Crop 
- Convert image: Image → Type → 16-bit 

• Load the saved classifier: Plugins → Segmentation → Trainable Weka Segmentation → 
Load Classifier 

• Optionally, check the selection quality with Toggle Overlay. 

• Click Create Result and wait for it to finish. 

• Convert result to 16-bit: Image → Type → 16-bit 

• Set threshold: Image → Adjust → Threshold 

• Analyze particles: Analyze → Analyze Particles 
- Circularity: 0.00–1.00 
- Check “Exclude on edges” → only if analyzing pores 

• Record the total area % of defects from the Summary window. 

• Save your results and classifier if updated: Save Classifier 

    Notes on Improving the Classifier 
You can keep improving your AI model by: 
- Adding more regions to the classes. 
- Adjusting for sample-to-sample variations. 
 
Just don’t forget to save the classifier after making changes: → Save Classifier 
 
 
 


